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Abstract:

Deformation mechanisms of high entropy alloys (HEAS) at cryogenic temperatures have attracted extensive
research interest. We used in situ neutron diffraction to study the tensile behavior of a face-centered-cubic
HEA at 77 and 15 K and compared its stacking fault energy (SFE) at ambient and cryogenic temperatures.
The SFE dropped from 28 mJm= at 293K to 11 mJm2at 15 K, leading to the transition of deformation
mechanism from deformation-induced twinning to martensite phase transformation. As a result, excellent
balance of strength and ductility was achieved at both temperatures. This finding highlights the importance
of SFE for cryogenic alloy design.
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Differing from traditional alloys, which are mainly based on only one principle element, high entropy alloys
(HEASs) were designed to consist of near equimolar multi-components and single phase to maximize their
configurational entropy [1-4]. The unique features of HEAs (sluggish diffusion, cocktail effects and high
lattice distortion [1, 3]) usually come with eminent mechanical performance [5-9]. Researches have shown
that at cryogenic temperatures several HEAs (FeCoCrNi [10], CrMnFeCoNi [11], FeCoNiCr [12], et al.) with
single face-centered cubic (FCC) phase have an excellent combination of high strength and elongation,
making them very attractive for low-temperature applications, such as liquified natural gas industry,
structural material for superconductor in fusion reactors and outer space.

Two athermal transformations are known to significantly improve HEAs’ mechanical performance:
deformation-induced twinning and phase transformation [13]. It is well established that deformation-induced
nano-twinning can activate dynamic Hall-Petch effect, leading to significant increments in both strength and
ductility [14]. Phase transformation also serves as an important origin of strength and ductility in FCC alloys
by inducing (transformation-induced-plasticity) TRIP effect [15]. The dominant factor in deciding the
strengthening mechanisms in HEAs is found to be the stacking fault energy (SFE, ysr) of the alloy [12], which
is mainly affected by alloy composition and deformation conditions (e.g. temperature and strain rate).
According to previous studies [14, 16, 17], dislocation passage and piling up dominates the plastic
deformation when SFE exceeds 45 mJm2, while twinning will be more favorable with SFE in the range of
15~45 mJm=2, If SFE lowers to less than 15 mJm?2, the phase transformation from FCC-austenite to
martensite with hexagonal-close-packed (HCP) and/or body-centered-cubic (BCC) structure can be triggered.

Temperature is one of the dominant factors in deciding alloys” SFE- the lower the temperature, the lower the
SFE- hence controlling the micro-mechanical behavior. SFE of FeCoNiCr alloy at room temperature has
been determined in the range of 23 to 31 mJ/m? by transmission electron microscopy [18], and 17.4 to
31.7 mJ/m? by X-ray diffraction and ab initio calculation [19]. Twinning and dislocation pilling up are the
main deformation mechanism of a HEA from room temperature to 77 K [12]. However, some researches
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show that via tuning the alloy composition [20], phase transformation can also be induced during plastic
deformation of HEAs at room temperature [8] and 77 K [21]. Mechanical performance and deformation
mechanisms of HEAs at extremely low temperatures (< 77 K), however, have scarcely been reported. Lin et
al. recently reported FCC to HCP phase transformation when FeCoCrNi alloy was deformed at 4.5 K [10],
in contrast to twinning reported at higher temperatures. Therefore, it is of great interest to perform mechanical
testing at temperature below 77 K, and to compare the micro-mechanical behavior of the HEAs at different
temperatures.

In this study, we have carried out in situ neutron diffraction on a FeCoCrNiMog 2 HEA at 77 and 15 K with
the aim to probe its strengthening origins. This study provides a better understanding of the relationship
among SFE, temperature and mechanical properties of HEA and sheds a light on designing engineering alloys
with better combination of strength and ductility for cryogenic applications.

A HEA (FeCoCrNiMoo.2) was prepared by powder metallurgy as detailed in Ref. [22]. The ENGIN-X
diffractometer (ISIS spallation neutron source, the Rutherford Appleton Laboratory, UK) was utilized to
perform the in situ time of flight neutron diffraction during the tensile tests. Dog-bone tensile samples with
gauge dimension of ® 8 x 34.5 mm were machined. The tensile tests were carried out by a 100 kN Instron
stress rig with a cryogenic chamber cooled by liquid helium [23]. The loading direction orientated 45° relative
to the incident neutron beam. Two detectors (axial and radial) are capable of capturing diffraction signals
parallel and perpendicular to the loading direction. The gauge volume for neutron diffraction measurements
was 4 x 4 x 4 mm?® and each diffraction pattern collection consumed 20 mins.

Representative strain-stress curves of the alloy at 293 [22], 77 and 15 K are shown in Fig. 1a. The alloy
showed large yielding strength (YS) of 376 MPa, ultimate tensile strength (UTS) of 767 MPa along with
excellent total elongation of 52.5% at 293 K at 293 K (Table 1). At 77 K, the YS, UTS and total elongation
all enhanced to 637 MPa, 1212 MPa and 71.2%, respectively. At 15 K, the YS further increased to 710 MPa,
UTS to 1423 MPa and the ductility dropped slightly to 41.8%. As shown in Fig. 1a, the true stress-strain
curves at 293 and 77 K show a very similar pattern, whereas the one at 15 K was different, which consisted
of a plateau period within 0.02 to 0.12 true strain followed by an uptrend.

Strain hardening rate (SHR) curves (shown in Fig. 1b) at 293 and 77 K shared a quite similar trend. They
both experienced a rapid drop at the initial stage, then the decreasing rates slowed down until fracture. SHR
at 77 K exhibited an overall higher value than that at 293 K. In contrast, SHR at 15 K changed more abruptly
and showed an unusually large strain-hardening capability. Three pronounced stages can be observed as
outlined in Fig. 1b: starting from a very large value of ~7600, the SHR curve initially dropped dramatically
to the bottom of ~60, corresponding to the plateau period in stress-strain curve. It then soared to a peak of
~7500 with true stress of ~1270 MPa, characterizing the stage 11, after which it began dropping until facture
(Stage I11).

The diffraction patterns collected at axial direction during tensile loading at 77 and 15 K are plotted in Fig.
2a and 2b, respectively. The sample at room temperature composes of a single FCC phase with lattice
parameter of 3.595 A and no new phases appeared during cooling. The lattice parameter of FCC-phase
decreased to 3.586 A at 77 K and 3.584 A at 15 K. During tensile testing at 77 K no new phase was observed
(Fig. 2a). At 15 K (Fig. 2b), peaks belonging to FCC-phase were replaced progressively by newly formed
peaks after yielding, which were identified as HCP/BCC- phases via TOPAS [24]. Fig. 2c shows the
diffraction pattern between d spacing=2.125~1.75 A, clearly demonstrating the occurrence of phase
transformation. Formation of HCP/BCC- phases of the FCC HEA during tensile loading is similar to austenite
steels and transformation-induced-plasticity steels [25], so we simply use v, € and o' to respectively symbolize
FCC-, HCP- and BCC- phases.

The change in lattice strain was measured with the following formula [12]:
dhkl - dgkl

Enkl = T 1)

, Where &4, dpi; and djy, correspond to the lattice strain, inter-planar spacing under stress, stress-free lattice
spacing of {hkl} crystallographic grain family, respectively. The d spacing was obtained by fitting single
reflection with Pseudo-Voigt function using GSAS program [26]. Fig. 3a and 3c show the evolution of elastic
lattice strain from axial and radial direction in different grain families during tensile deformation at 77 and
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15 K, respectively. It is noted that, the lattice strain at 15 K was depicted only at low strain conditions (<0.15)
because the occurrence of new peaks overlapped with the original peaks, leading to high inaccuracy during
single peak fitting of y-phase peaks at larger strains. A linear relationship was kept before yielding at both
temperatures. The slope of the curves at 15 K changed more abruptly than that at 77 K after yielding due to
the phase transformation and the following stress partitioning.

Studies have shown that if stacking faults (SFs) formed during deformation, shift of the peak positions for
successive orders of reflections such as {111} and {222} will be different due to the structure factor for SFs
[27]. We present the lattice strain evolution of two successive grain planes of {111} and {222} at axial and
radial directions at both temperatures (only strain < 0.15is illustrated at 15 K) in Fig. 3b and 3d, respectively.
The lattice strain of {111} and {222} reflection deviated from each other after certain stress/strain was
reached, confirming the formation of SFs.

The peak shifting can be ascribed to two main sources: macro-strain (3£%™) and SFs (efl’,:,), following a
relationship [28, 29] of:

, V3 Yht(h+k+l
o5 = eI — ey = e~ e s SFP @

, Where the ¢+ is the measured lattice strain, SFP represents stacking fault probability, while u and b are
the numbers of non-broadened and broadened components due to SFs [28]. Accordingly, Fig. 3b and 3d
illustrate the SFP change with respect to true strain at 77 and 15 K. After SFP surpassed 0, it increased almost
linearly as a function of true strain. The fitted line representing the SFP at 77 K showed a gentle slope of ~55
(Fig. 3b), which boosted to ~319 when the temperature dropped to 15 K (Fig. 3d). SFP increased to 42 x10
3 at 15 K at only 0.13 true strain, whereas it increased to only 24 x10 at 77 K at 0.52 true strain. This
indicated that at 15 K, the alloy has much higher probability to form SFs than at 77 K.

SFE, which indicates the ease of dissociating perfect dislocations into partial dislocations and SFs, can be
estimated according to Reed and Schramm [30]:

_ 6.6a, < 2C4y )_0'37 (5520>111 Ca4 T C11 — C13
Vst =3 SFP 3

, Where (£2,),1,represents mean square strain calculated by deconvoluting size and strain broadening effects
with double-Voigt method [31], ¢4, ¢, and c,, are the elastic constants obtained from single crystals. Based
on the ab initio simulation from [20], ¢,,=216 GPa, c¢;,=175 GPaand c,,=189 GPa were used here. The SFE
evolution of the alloy at 293, 77 and 15 K was plotted as a function of true strain in Fig. 4a. All three fitted
curves showed a similar trend that they continued to drop at lower strain until reaching the turning points and
then kept at constant values, corresponding to the SFE of the alloy (Table 1). At low strain conditions, the
calculated high SFE values are artifacts of Eg. 3 due to the fact that the formed SFs are not enough to be
reflected in diffraction peaks and uncertain inputs of small strain and SFP were used. The turning points
indicate that the gathered SFs become significant enough and the SFE calculation tends to be stabilized and
reliable. The value calculated here at room temperature is slightly higher than that in [12] because of the
different methods used to calculate (£2,),;. It is noted that Mo addition to this HEA might reduce the SFE
significantly as demonstrated in Fe-Cr-Ni system [32]. The dropping of SFE leads to the shifting of
deformation mechanisms: deformation-induced twinning at 293 K with SFE of 28 mJm [22], and at 77 K
with SFE of 17 mJm2; whereas phase transformation (from y-phase to e-/o’- phase) occurred at 15 K with
SFE of 11 mJm=.

®)

C11 — C12

Steinmetz’s equation was used to calculate critical stress for twinning (o) [33]:

Vsf 4 3Gb,

O'tW=M1:m=M(3b i
p 0

) (4)

, where G is the shear modulus (85 GPa), T, is the critical shear stress for twinning, by, is the Burgers vector
for partial dislocations (ap<112>/6), M is the Taylor factor (3.06), and the Lo is the width of the twin embryo
(~200 nm) [12]. The calculated o,, decreases progressively from 767 MPa at 293 K to 642 MPa at 15 K.
Experimentally, we used the stress at SFP = 0 (shown with red circles at Fig. 3b and 3d) as the critical stress
for twinning, which are 710+30 MPa/2.5% true strain at 77 K and 670+30 MPa/0.45% true strain at 15 K
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(Table 1). The values obtained by the two methods agree reasonably well. Although deformation-induced
twinning and phase transformation are two exclusive strengthening mechanisms [34], the formation of
twinning at low strain conditions may serve as nucleation sites for FCC-BCC/BCT phase transformation [35-
37]. Hence the calculation of twinning stress at 15 K is relevant although the alloy tends to prompt phase
transformation due to the reduced SFE at 15 K.

Table. 1 Properties of the FeCoCrNiMoo .2 alloy at three temperatures

Latti Measured Calculated
Temperature YS uTsS Elongation Pargn:gier SFE, (MPa) (MPa)
(K) (MPa) (MPa) (%) A) (mJm)
Tiw Otw Tiw Ow
293 376 767 52.5 3.5952 28 245+10 750430 251 767
7 637 1212 71.2 3.5865 17 232+10 710£30 225 689
15 710 1423 41.8 3.5847 11 219+10 670£30 210 642

The phase transformation process during tensile test at 15 K was depicted at Fig. 4b, where the weight fraction
of the three phases (y, € and ') obtained by Rietveld refinement in TOPAS [24] was plotted with respect to
true stress, along with the SHR curve. During stage | (from 700 to 802 MPa), the SHR kept dropping whereas
the phase fraction only changed slightly. The drop of SHR was due to dynamic recovery [38] and glide of
partial dislocations in y phase, serving as an incubation for the following phase transformation [39]. During
stage Il (from 802 MPa to 1270 MPa), the phase transformation occurred. At first, the phases transformed at
an ultrafast speed within ~70 MPa, with o'-phase fraction soaring to ~42%, e-phase to ~6% while y-phase
decreasing dramatically to ~52%. This mainly results from that the phase transformation originally occurred
at favorable sites (i.e. grain boundaries and grains with preferred orientation). The phase transformation from
FCC to BCC can trigger TRIP effect, which can enhance the strain hardening over a wide deformation range
and improve the ductility significantly [40]. The induced massive y-/a'-/e- phase interfaces, can also serve as
barriers against the (partial-) dislocation motion and strengthen the alloy [41, 42]. During the rest part of
Stage II (from 870 to 1270 MPa), the phase transformation continued (o'-phase increased to ~81%, y-phase
decreased to ~16% and e-phase disappeared gradually), however, with lower speed. This originates from that
the phase transformation shifted to grain interior or not-so-good-orientated grains [15]. It also led to the slow-
down of SHR growth. At stage III (>1270 MPa), the phase transformation reached a plateau (~87% for o'-
phase and ~13% for y-phase). Consequently, the SHR started to decrease since the supply of new phases was
stopped.

In situ neutron diffraction measurements and tensile tests were applied to study the strengthening mechanisms
of a high performance HEA alloy (FeCoCrNiMoo2) at 77 and 15 K. The alloy prepared composes of a single
FCC phase, which exhibited astonishing mechanical properties at both temperatures (YS of 637 MPa, UTS
of 1212 MPa and elongation of 71.2% at 77 K, while YS of 710 MPa, UTS of 1423 MPa and elongation of
42% at 15 K). The strength and ductility enhancement at 77 K mainly benefit from the interaction between
twinning boundaries and dislocations, while phase transformation plays a majority role in strengthening at
15 K. The transition of strengthening mechanism can be ascribed to the temperature dependent SFE dropping,
which was calculated to be 28, 17 and 11 mJ/m? at 298, 77 and 15 K, respectively. Hence, engineering SFE
by tuning alloy composition and deformation temperature can induce desirable strengthening mechanisms
(twinning and phase transformation), effectively improving the mechanical performance of alloys, which is
a promising concept to exploit more advanced cryogenic HEAs.
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Fig. 1 (a) True strain-stress curve and (b) strain hardening rate curve at 293, 77 and 15 K.
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tests at (a)(b) 77 K, (c)(d) 15 K. “Divergence onset” indicates the start point of the observable separation of
the two lattice strain curves belonging to (111) and (222) grain plane.
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Fig. 4 (a) Stacking fault energy calculation curve at 293, 77 and 15 K and (b) fraction evolution of y-, &’- and
- phase and strain hardening rate curve as a function of true stress during deformation at 15 K.



