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Abstract
Manufacturing austenite stainless steels (ASSs) using additive manufacturing is of great
interest for cryogenic applications. Here, the mechanical and microstructural responses of
a 316L ASS built by laser powder-bed-fusion were revealed by performing in situ neutron
diffraction tensile tests at the low-temperature range (from 373 to 10 K). The stacking fault
energy almost linearly decreased from 29.2±3.1 mJm-2 at 373 K to 7.5±1.7 mJm-2 at 10 K,
with a slope of 0.06 mJm-2·K-1, leading to the transition of the dominant deformation
mechanism from strain-induced twinning to martensite formation. As a result, excellent
combinations of strength and ductility were achieved at the low-temperature range.
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With valuable combinations of excellent corrosion/oxidation resistance and strengthductility balance, austenitic stainless steels (ASSs) serve as workhorse materials in various
cryogenic applications such as liquified gas storage/transportation, superconductivity
realization, rocket propellant tanks and nuclear fusion devices [1,2]. Recently, ASSs have
been gaining enormous research interests as a desirable material for additive manufacturing
(AM), which fabricates 3-dimensional components layer-by-layer thus enabling significant
weight reduction and complex geometrical design [3,4]. ASSs fabricated by laser powderbed-fusion (L-PBF), yields superior mechanical performance [5,6] originated from a
variety of concurrent strengthening effects including dislocation slips, twinning, and straininduced martensite transformation (SIMT), where the parent face-centered cubic (FCC)
matrix (γ-austenite) can undergo an athermal transition into martensite with hexagonal
close-packed (ε) or body centered-tetragonal (α′) structures. These strengthening
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mechanisms are strongly dependent on the stacking fault energy (SFE), which is an
inherent parameter measuring the energy barrier of dissociating perfect dislocations and
can be influenced by chemical composition, strain rate, and temperature [7–9]. The
decreasing of SFE can shift the dominant deformation mechanisms from dislocation
motion (SFE > 45 mJm-2) to twinning (45 mJm-2 > SFE > 18 mJm-2) and to SIMT (SFE <
18 mJm-2) [9–11].
The relationship among SFE, temperature, and the deformation mechanisms in the ASSs
fabricated by AM, however, was still under debate. Pham et al. [12] reported the reduced
SFE of a 316L ASS after L-PBF compared to conventional 316L ASS, which is attributed
to the diffusion of N atoms to the faulted structures. Contrarily, Karthik [2] reported the
increased SFE after L-PBF due to the cellular dislocation structures. A similar phenomenon
was also reported in another L-PBF-built 316L ASS during cryogenic deformation [6],
where SIMT was significantly postponed compared with the annealed counterparts. In
addition, most of the previous investigations focused on the high or room-temperature
performance of the AM-fabricated ASSs, while the SFE-related mechanical responses and
strengthening effects at ultralow temperatures, have rarely been investigated, which
severely limited the application of L-PBF build ASSs for cryogenic environments.
Herein, in situ neutron diffraction and tensile tests were performed on an L-PBF-built 316L
ASS at the low-temperature range (from 373 to 10 K), providing a better understanding of
the relationship among SFE, temperature, and deformation mechanisms of AM-built ASSs
and thus paving a way to develop ASSs fabricated by L-PBF with superior cryogenic
mechanical properties.
Near spherical-shaped 316L powder with a diameter of 32±5 μm was prepared by gas
atomization. Specimens with a size of 100 × 40 × 40 mm3 were manufactured in an L-PBF
machine (FS271M, Farsoon, China) under the protection of nitrogen atmosphere and then
annealed at 400 ℃ for 3 h, followed by air cooling. The printing parameters are listed in
Table. 1. The laser beam was rotated 67° after printing each layer. Dog-bone tensile
samples (with gauge volume of Φ 8 × 32 mm3) were then machined along the building
direction and used for the in situ tensile testing. The tensile tests (with a strain rate of 9 ×
10-4 S-1) were performed using an Instron stress rig with a high-vacuum (< 10-5 Pa) chamber.
The stress rig was mounted horizontally and 45° to the incident beam. Two detectors were
mounted perpendicular to the incident beam and can collect the diffraction patterns from
the tensile and transverse directions. Diffraction patterns were collected for 15 mins
intervals between loading steps, iterating until sample fracture. The details of in situ
neutron diffraction tensile testing and related data interpretation, such as the calculation of
lattice strain, dislocation density, stacking fault probability (SFP), and SFE can be found
at Refs. [7,8,13,14]. The neutron diffraction data were analyzed by Rietveld refinement
[15,16] using the TOPAS program [17], which allows to refine the weight fraction and the
preferred orientation of each phase by applying the same functions that are widely used for
analysis of X-ray diffraction data. The lattice strain for ε-martensite was not refined to
avoid data overfitting due to much broader peaks of this phase in comparison with other
two phases. The lattice strain for α′-martensite was refined only for a few data sets for
which the amount of α′-martensite was considerable. The comparison between the
measured two diffraction patterns collected during deforming at 10 K and the
corresponding Rietveld refinement results was shown in Fig. S1 of the Supplementary
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Materials. The electron back scatter diffraction (EBSD) was performed at the plane
perpendicular to the building direction on a scanning electron microscope (SEM, Tescan
Mira-3) with an accelerating voltage of 15 kV. The thin foils for transmission electron
microscope (TEM) characterization were mechanically polished to ~80 μm and then
subjected to twin-jet electropolishing using a constant current of 150 mA in a solution of
5% perchloric acid and 95% methanol cooled to -30 ℃. The TEM observation was
performed on a Tecnai G2 F30 TEM operated at 300 kV.
Table. 1 Parameters used in building 316L ASS with L-PBF

Scanning speed
[mm·s-1]
1000

Laser beam spot size
[μm]
80

Laser power
[W]
225

Layer thickness
[μm]
30

Hatching space
[μm]
90

In Fig. 1 the heterogeneous distribution of grain shape/size and orientation gradient of the
as-built 316L ASS were revealed with EBSD and bright-field TEM image. The inverse
pole figure (IPF) shows multiple ripple patterns consisting of large elliptic grains and slim
grains distributing along the melt pool boundaries (Fig. 1a). The average grain size (d) of
19.5 μm was determined with the intercept length method. Unconventional orientation
gradient across grains was observed and shown as a high-resolution kernel average
misorientation map in Fig. 1b. The local misorientation within the large grain interior was
in the range of 0.5°-1.5°, while the high local misorientation (> 2°) was preferably located
in slim grains or around (sub)grain boundaries. The misorientation distribution was
compared with random misorientation [18] in Fig. 1c, showing a very high fraction of low
angle grain boundaries (LAGBs, 2° < θ < 10°, 67.7% of the total grain boundaries). The
bright-filed TEM image in Fig. 1d reveals the densely arrayed dislocation cells (~200 nm
in width and ~500 nm in length) within the grain interior, which can be the origin of the
high fraction of LAGBs and high level of local misorientation. A high density of
dislocations trapping within/along the fine dislocation cells are visible and induced
dislocation entanglements (Fig. 1d).
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Fig. 1 Initial microstructure of the as-built 316L ASS revealed by EBSD and TEM characterization: (a)
inverse pole figure (IPF) map took at the plane perpendicular to the building direction, low angle grain
boundaries (LAGBs, 2° < θ < 10°) and high angle grain boundaries (HAGBs, θ > 10°) were shown with
white and black lines, respectively; (b) high-resolution kernel average misorientation map showing
orientation gradient, (c) Misorientation distribution of the sample compared with theoretical random
misorientation from Ref. [15], and (d) typical bright-field TEM image. BD denotes the building direction.

The temperature-dependent mechanical performance of the steel was presented in Fig. 2.
Fig. 2a shows the representative true stress-strain curves, which shows typical parabolic
patterns when the temperature is higher than 173 K and progressively evolves to
sigmoidal/S-shaped type as temperature decreased to the ultra-low temperature range (<
173 K). With the decrease of temperature, the yield strength (YS) of the steel increased
almost linearly from 562 MPa at 373 K, reaching its peak of 935 MPa at 10 K. The ultimate
tensile strength (UTS) was also enhanced significantly from 627 MPa at 373 K to 1364
MPa at 10 K. The elongation was 55% at 373 K and maintained at a high level of ~35% at
cryogenic temperatures. The strain hardening rate (SHR, dσ d ε ) (Fig. 2c) can be roughly
divided into three stages. At Stage I, SHR exhibited a steep decrease to a very low level (<
2 GPa) due to the elastic-plastic transition [19]. Afterwards, the SHR curves increased to a
peak value at Stage II, indicating new sources contributing to strain hardening, followed
by continuous decreasing until fracture (Stage III). The transition points from Stage I to
Stage II were also marked with dash lines. The strain hardening effects mainly occurred at
4

Stage II and can be significantly enhanced by decreasing the temperature. The peak value
of SHR at Stage II was only 0.98 GPa at the strain of 0.17 at 373 K and boosted to 6.25
GPa at 0.29 strain level at 10 K.

Fig. 2 Mechanical performance of the 316L ASS at the low temperature range: (a) true stress-strain curves, (b)
evolution of mechanical properties with respect to deformation temperature, and (c) strain hardening rate (SHR) plotted
with true stress. The SHR transition points from Stage I to Stage II (ε373K, ε293K, ε173K, ε77K, and ε10 K) were marked with
dashed lines.
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The diffraction spectra collected from tensile direction during deformation at different
temperatures were plotted as a function of true stress in Fig. 3. The as-built steel exhibited
an FCC structure with decreasing lattice parameters (a0, Table S1 of the Supplementary
Materials) during the temperature decreasing stage. SIMT only occurred when deforming
at 173 K or lower (Fig. 3c-f), as three new diffraction peaks emerged and grew with strain,
which can be identified as α′-(110), α′-(211), and ε- (10 11) . The diffraction patterns at 10
K were magnified in Fig. 3f, showing the intensity of the α′-(111) increased progressively
with straining while the peak intensity of γ-(111) and γ-(200), decreased contrarily.

Fig. 3 The in situ neutron diffraction patterns (loading direction) collected during deforming at different temperatures:
(a) 373 K, (b) 293 K, (c) 173 K, (d) 77 K, (e) 10 K, and (f) 10 K, with higher magnification.

Lattice strain evolution at tensile and transverse directions during deformation at different
temperatures was shown in Fig. 4a-d. The lattice strain evolution at 77 and 10 K was plotted
only at the low strains. This is because the overlap of diffraction peaks of γ and αʹ phases
can cause high ambiguity in determining lattice strain using the peak position. During the
elastic stage, the varied stiffness of the reflection indicated the load redistribution among
grains. The {200} grain family shows the lowest diffraction elastic moduli (softest) and the
highest lattice strain (Fig. 4a-d). Before the macroscopic yielding, the non-linear
6

relationship was also observed due to the stress transferred from some stiff grains (e.g.,
220) to soft grain families (e.g., 200) [20]. After macroscopic yielding, the evolution of
lattice strain is highly anisotropic, indicating the redistribution of the stress or the
reorientation of crystals.
The lattice strain evolution at tensile and transverse directions were applied to determine
the macroscopic and hkl-specific elastic moduli (See details at Ref. [7] and results in Table
S1 of the Supplementary Materials). The hkl-specific elastic moduli were then applied to
determine the single-crystal elastic constants (C11, C12, and C44) with the Kroner model [21]
and details can be found at Refs. [21–23]. C11, C12, and C44 values are consistent with
literature data of 316L stainless steel [24]. They increase gradually as the temperature
decreases.

Fig. 4 The evolution of (a-e) lattice strain of crystallographic planes {111}, {200}, {220}, {311}, and {222} at the
tensile and transverse direction and (f) stacking fault probability evolution during deforming at 373, 293, 173, 77, and
10 K.
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The SFP, which indicates the amount of SFs, can be determined by the separation distance
of lattice strain of two consecutive grain planes (See details in Refs. [7,13]). Considering
the low intensity of the (200) and (400) peak in the present study (Fig. 3), we chose the
lattice strain of (111) and (222) grain planes to determine the SFP. The SFP evolution at
different temperatures were plotted in Fig. 4f. SFP showed a nearly linear increase with
true strain, whereas the slope of the fitted line ( ∂SFP ∂ε ) depicts the speed of SFs
formation. At 373 K SFs gathered with a very slow pace with ∂SFP ∂ε of 23.2×10-3, which
boosted to 360.1×10-3 at 10 K. The SFE was then calculated according to Refs. [7,13,25].
The evolution of SFE with true strain at 293 K was shown in Fig. S2 of the Supplementary
Materials. The SFE started from a very high value of ~110 mJm-2 and continued to drop
until reaching a stable value (~23 mJm-2), corresponding to the SFE of the alloy, which
agrees well with the work on L-PBF-built 316L ASS by Wo et al. [25]. The evolution of
∂SFP ∂ε and SFE (calculated) versus temperature curves (Fig. 5a) show that the low
temperature significantly reduced the SFE thus accelerated the formation of SFs. The SFE
of the 316L ASS decreased almost linearly from 29.2±3.1 mJm-2 at 373 K to a very low
value of 7.5±1.7 mJm-2 at 10 K, with a slope of 0.06 mJm-2·K-1. This result agrees well
with the SFE-temperature relationship for typical ASSs predicted in Ref. [26]:
T
RT
SFE T = SFE RT + 0.05(T − 293) , where SFE and SFE are the SFE of the alloy at a
designated temperature (T) and room temperature, respectively. It is worth noting that the
L-PBF 316L ASS showed a higher SFE (23.7±2.2 mJm-2 at 293 K) than the annealed 316L
ASS, which was only 14.2 mJm-2 measured by TEM [27,28], 6.6 mJm-2, and 10 mJm-2 by
the ab initio calculation [29,30]. The increased SFE can be ascribed to two reasons. On one
hand, SFE is very sensitive to the variation of chemical composition. The L-PBF can
induce the element segregation of Mo and Cr in solidification walls and LAGBs [2,5],
which might be reponsible for the increase of SFE. On the other hand, the inhomogeneous
distribution of grain size/shape and misorientation gradient produced during L-PBF may
also cause the change of SFE. Chen et al. [31] reported the SFE of a high Mn steel increased
from 26.0 mJm-2 to 34.0 mJm-2 as the grain size decreased from ~47 to ~11 μm. According
to the thermodynamics simulation [32], the reduced grain size (d) can increase the excess

 −d 
 . SFE can increase
 18.55 

170.06exp 
of free energy ( ∆Gex ) required to create SFs: ∆Gex =

exponentially when d decreased to be below 35 μm [33]. The work here demonstrated that
SFE of 316L ASS can be tuned by L-PBF via modulating the grain structure and local
chemistry. However, further work is needed to establish the relationship between laser
processing conditions and SFE.
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Fig. 5 (a) The temperature dependency of ∂SFP/∂ε and stacking fault energy (SFE) overlapped with SFE-deformation
mechanism map; (b) The measured weight fraction of strain-induced ε- and α′-martensite (averaged from tensile and
transverse directions) at different deformation temperatures: 173, 77, and 10 K. The strain hardening behaviors and
weight fraction of the two martensites (ε and α′) at (c) 173 K and (d) 10 K.

Meanwhile, the measured SFE matches well with the SFE-deformation mechanism map
(Fig. 5a). According to the diffraction results (Fig. 3), the strain-induced phase
transformation occurred only when temperature decreased to 173 K or lower and SIMT
can be significantly promoted by decreasing temperature due to the reduced SFE. The
larger dissociation width between partial dislocations provided a higher probability of
nucleating martensite. The strain-induced phase transformation occurred only when
temperature decreased to be 173 K or lower, as the SFE lowered to 15.8±1.6 mJm-2 at 173
K. SIMT was significantly promoted (Fig. 3) as the temperature decreased further.
The weight fraction evolution of the strain-induced ε- and α′-martensite ( fε and fα ′ ) at
173, 77 and 10 K were averaged from both loading and transverse directions (Fig. S3 of
the Supplementary Materials) and plotted as a function of true strain in Fig. 5b. At the three
temperatures, ε-martensite nucleated and grew at very low strain levels (< 0.05), after
which fε maintained at a level of ~15% and decreased slightly at high strains. The
formation of α′-martensite started at higher strains (> 0.05). fα ′ increased almost
monotonously with strain at the three temperatures (Fig. 5b), with the rate of increase
highest at 10K. fα ′ of ~60% was achieved at a true strain of ~0.25 at 10 K, which were
~45% at 77 K and ~ 16% at 173 K. The phase weight fraction evolution indicates that two
sequences of phase transformation, γ → ε → α ′ and γ → α ′ , were both active during
9

plastic straining. The ε-martensite was first produced and served as an intermediate phase
for the following α′-martensite formation. As indicated in Refs. [34,35], the ε/ε interface,
including intersection/non-intersection of ε laths, serves as preferable nucleation sites of
α′-martensite, which can grow into the interior of the ε-domain and γ matrix at high strain
levels, consuming the ε-martensite and triggering the direct transition from γ to α′ [36].
The strengthening behavior of the alloy is closely related with the microstructure and its
evolution. The high YS can be originated from its high dislocation density (about 3.6 ×
1014 m-2, obtained with modified Williamson-Hall methods [7]), which is close to values
reported in L-PBF-built 316L ASS [37]. Conventional 316L ASS showed relatively lower
dislocation density of 6.5 × 1013 m-2 (after hot forming and solution annealing [17]) and of
2.3 × 1012 m-2 (after hot forging and air annealing [18]). Meanwhile, the increase of YS
with decreasing temperature can be mainly ascribed to the increase of thermal
strengthening effects, which are related to the stress for dislocations to overcome the
Peierls stress and pinning effect from solid solute atoms [38].
During plastic deformation, the strengthening effects can be originated from a variety of
mechanisms: dislocation multiplication, twinning, and most importantly, SIMT. We
plotted the strain hardening rate curves at 173 and 10 K together with martensite weight
fraction curves (Fig. 5c and 5d, respectively) to understand effects of SIMT on strain
hardening. At 173 K, the rapid drop of SHR in Stage I was relieved slightly before reaching
the transition point (true strain of 0.05), during which fε reached 6.4±1.7% whereas α′martensite was about to be produced. During Stage II, both martensites increased slightly
( fε increased from 6.4±1.7% to 8.3±2.5% and fα ′ from 0 to 16.6±3.5%, respectively),
maintaining the SHR curve at a level of ~ 2 GPa until fracture. At 10 K, a more active
phase transformation was observed. During Stage I of SHR curve, both martensites have
already formed. fε and fα ′ increased to 16.8±2.4% and 17.7±2.0% at the transition point
(true strain of 0.09), respectively. Consequently, the slope of SHR curve at 10 K is less
steep than that of 173 K. During Stage II, fα ′ rapidly increased to 60.0±2.4% while fε
slightly decreased to 6.8±2.5%, reversing the rapid decreasing curve into a stable increase
trend (from 1.1 GPa to 4.5 GPa). This indicates the strong strengthening effects of the α′martensite. Similar hardening behavior was also observed at 77 K (Fig. S4 of the
Supplementary Materials).
The 316L ASS showed excellent strength-ductility combinations at the tested low
temperature range. At 373 K, the alloy showed high YS of 562 MPa, UTS of 627 MPa, and
large elongation of 55%. At ultralow temperature of 10 K, YS was boosted to 935 MPa
and UTS to 1364 MPa while maintaining a large elongation of 34 %. SFE of the L-PBFbuilt 316L ASS is higher than that of the fully annealed counterparts possibly due to its
inhomogeneous distribution of grain size/shape and local composition inhomogeneity. The
SFE showed strong temperature dependency, decreasing from 29.2±3.1 mJm-2 at 373 K to
7.5±1.7 mJm-2 at 10 K, with a slope of 0.06 mJm-2·K-1. The decrease of SFE shifted the
dominant deformation mechanism from dislocation and twinning (373 and 293 K) to SIMT
(173, 77, and 10 K), significantly enhancing the strain hardening effects. The work shows
that ASSs fabricated by L-PBF is very promising in achieving desirable strengthening
mechanisms and thus premier mechanical performance for cryogenic applications.
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