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Abstract

Experiments and finite element modelling have been used to explore a method for miniaturising fibre push-out testing
to the scale of thin ion irradiated layers. Correlation of interfacial surface area to debond stress has been identified for
short fibres, and is related to a size effect following a Weibull distribution. Weibull analysis may be used to provide
size-independent interfacial properties for use in engineering scale models. Various parameters have been assessed for
their relative importance: axial misorientation of fibres appears to have a negligible effect on push-out characteristics
while the taper of fibres does not alter the debond stress, but does alter the frictional component of micro push-out tests.
Micro push-out testing directly measures properties of the interface, unlike in long fibre push-out testing, where fracture
occurs locally and propagates along the interface, so debond stress as a material property is not directly measurable
without assumptions or analytical adjustments.

Keywords: SiC composite, micromechanics, interphase, interface, fibres, Cohesive zone modelling

1. Introduction

Next generation fusion and fission reactors require high
performance materials which are able to survive the high
operating temperatures and high neutron irradiation doses
predicted in operation [1]. Silicon carbide fibre-reinforced
silicon carbide composites (SiCf/SiC) are a leading candi-
date material for these applications. SiCf/SiC is a class of
ceramic matrix composite consisting of a complex archi-
tecture of SiC fibres within a SiC matrix and separated by
a thin pyrolytic carbon interphase layer. The high strength
of SiCf/SiC is provided by the presence of nanocrystalline
fibres and the transfer of stress from the matrix into these
fibres via the interphase. Meanwhile, a weak interface
within the interphase layer results in preferential cracking
under load, triggering fracture energy consuming mecha-
nisms such as crack deflection, fibre-bridging, fibre pull-
out and micro-cracking. These give SiCf/SiC its high
fracture toughness via extrinsic toughening mechanisms
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(20-30 MPa
√
𝑚 vs 4MPa

√
𝑚 for monolithic SiC), al-

though the onset of matrix cracking in microscopic tests
remains close to the mode 1 fracture toughness of mono-
lithic SiC [2, 3]. As described, the interphase plays a
critical role in the unique properties of SiCf/SiC and is
a key enabler in the materials potential use for structural
applications in nuclear environments.

Under high dose irradiation, the interphase of conven-
tional nuclear-grade SiCf/SiC composites can degrade due
to the dimensional instability of residual carbon in SiC fi-
bres and the pyrolytic carbon interphase which in extreme
cases can lead to radiation-induced debonding between
the fibre and matrix [4, 5]. Quantifying the mechanical ef-
fect of radiation damage at low and intermediate radiation
doses is important for predicting lifetime performance.

The interfacial debond stress for mode II crack and
interface friction of fibre-reinforced composites are crit-
ical parameters that determine the mechanical properties
of components. Controlling these parameters during ma-
terial design, and predicting its evolution in service re-
quires scientific tools to measure and understand the fibre
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debonding and sliding mechanisms. These tools should
also be applicable to irradiated composites, necessitating
a technique with minimal hands-on sample preparation
for the case of radioactive material, and site-specific to
minimize material test specimen dimensions and waste.
The method should also apply to thin (<10 𝜇m) layers to
study ion-implanted samples, which are used to simulate
the compositional changes from transmutation and accel-
erated displacement damage from the collision cascades
caused by the incident ions.

Fibre push-out testing has been performed on both
aerospace-grade composites with a BN interphase [6, 7, 8]
and nuclear grades with a carbon interphase [9, 10, 11, 12,
13] to explore test parameters and variables. A novel in-
SEM trench-based method has also been used to directly
observe the failure mechanisms during push-out testing
by FIB milling a trench underneath a vertically cross-
sectioned fibre whereby SEM images can be acquired dur-
ing the experiment [14]. Large scatter is typically found in
these experiments due to microstructural variations such as
porosity, fibre dimensions and position, and neighbouring
fibres or matrix. The influence of experimental parameters
has also been assessed, with recommendations that a flat
punch tip with a diameter of approximately half the fibre
diameter be used to avoid fracture or plastic deformation
during the test while reducing the likelihood of misposi-
tioning the tip over the fibre/matrix interface. The test
success rate improves for thinner specimens, with thick-
ness below 100 𝜇m being recommended.

This paper presents results and a parametric study of
a micromechanical method of short fibre push-out testing
designed to study the interfacial debond stress of ion irradi-
ated SiCf/SiC composites. The experimental development
is combined with finite element modelling to provide fur-
ther insights into the mechanisms of fibre debonding and
push-out. The modelling approach combines a cohesive
zone model with Coulomb friction while accounting for
radial stress caused by initial surface roughness and resid-
ual stresses [15, 11, 16]. A parametric study of Coulomb
friction coefficients, the effect of rugosity on friction, the
axial inclination of the fibres, and tapered fibre morphol-
ogy are evaluated, and a detailed analysis is performed of
three different fibres which were experimentally tested to
validate results.

2. Methodology

2.1. Materials

The silicon carbide fibre reinforced silicon carbide ma-
trix composite (SiCf/SiC) used in this work consisted of
Tyranno SA4 fibres (Ube Corporation, Japan) with a 90°
2D weave, an 80-100 nm thick pyrolytic carbon (PyC)
interphase coating, and a SiC matrix both grown by chem-
ical vapour infiltration followed by overcoating with SiC
by chemical vapour deposition which resulted in a ∼4 mm
thick panel. This is a typical approach to manufacturing
nuclear grade SiCf/SiC composite.

2.2. Sample preparation

Specimens for ex-situ long fibre push-outs were pre-
pared by cutting 20 × 4 × 0.6 mm thick cross-sections
of the panel using a precision diamond saw, followed by
thinning from both sides to ∼180 𝜇m using progressively
finer diamond lapping films on an Allied Multimet preci-
sion polisher until final polishing with a 1 𝜇m diamond
lapping film, ensuring parallel faces. Actual thickness
was measured using a Mitutoyo digital drop gauge. This
thickness is within the recommended range from previ-
ous work. Specimens were mounted using Crystalbond
mounting wax on polished 25 mm diameter pin stubs with
slots laser milled into the surface in a grid pattern to receive
the bottom of the fibre as it is pushed out.

Micro push-out specimens were cut from the same
panel of SiCf/SiC to dimensions 12 × 4 × 4 mm. These
were ground and polished on four sides using diamond
lapping films in the precision polisher to achieve a cuboid
with parallel faces. Grinding with coarse films continued
through the CVD coating to reveal fibre tows aligned paral-
lel to the faces of the specimen. Final polishing was using
1 𝜇m diamond lapping films. Trenches were focussed
ion beam (FIB) milled to create the micro-push-out spec-
imens with varying short gauge lengths. A combination
of xenon plasma ion source (P-FIB Thermo Fisher Helios)
and gallium liquid metal ion source (Ga-FIB FEI Helios
600) were used to create trenches. The surfaces of trenches
were polished with low beam currents to create a smooth
surface and minimize any milling artifacts such as pref-
erential etching of the carbon interphase. This is shown
schematically in Figure 1.

2.3. Push out testing

Ex-situ push-outs were performed using a 5 𝜇m diam-
eter diamond flat punch tip in an Agilent G200 nanoin-
denter with a displacement rate of 30 nm/s (see Appendix
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Figure 1: Schematic of preparing micro push-out specimens.

E). The instrument itself is inherently load-controlled with
displacement rate determined by a feedback loop via ca-
pacitance measurements of displacement. The grid of
slots in the pin-stub aided alignment of the tip to the fibres
using the mechanical stage in the nanoindenter. Load-
displacement data were recorded and used for analysis
along with dimensions of the actual fibre measured by
optical microscopy and post-test scanning electron micro-
scope images acquired using a Tescan Mira FE-SEM.

Micro push-outs were performed in-situ using an Alem-
nis Standard Assembly inside a Tescan Mira SEM. A 5 𝜇m
diameter diamond flat punch tip was used for all tests. Dis-
placement rates were either 100 nm/s or 10 nm/s. No effect
of displacement rate was observed and 10 nm/s was used
for the majority of tests. The Alemnis Standard Assem-
bly fundamentally works in displacement control allowing
measurement of load changes during the test, especially
after fibre debonding. The frame compliance of the in-
strument is measured at 4.1 𝜇m/N which causes ∼90 nm
displacement offset for the highest loads in the longest
gauge lengths of these experiments.

2.4. Characterisation

Following micromechanical testing, selected push-outs
were imaged and cross-sectioned using a FEI Helios 600
FIB-SEM and one push-out was sequentially milled us-
ing the slice and view method with 10 nm step size at
30 kV 0.12 nA. Platinum protective layers were deposited
to protect the surface of all cross-sections. The slice and

view images were reconstructed into a 3D dataset using
ORS Dragonfly Pro software and segmented into “fibre”,
“PyC”, “matrix”, and “background” phases using U-Net
Deep Learning algorithms trained by manually segment-
ing 7 slices of the dataset.

Raman spectroscopy mapping was used to measure
residual stress around one of the fibres before and after the
micro push-out experiment. Spectra were acquired using a
Witec Alpha 300ARS with a 532 nm green laser operated
at 25 mW focussed through a ×100 / 0.9NA objective lens
to give ∼1×1×1 𝜇m signal volume. Depth resolution is
estimated based on sub-surface depth profiles and is de-
termined by the optical fibre acting as a confocal aperture
between the microscope and detector optics. Maps were
acquired with a 1 𝜇m step size with 3s integration time for
each step, and autofocusing using Witec True Surface. An
1800 g/mm diffraction grating was used to give 0.73 𝑐𝑚−1

spectral resolution, centred at 1200 𝑐𝑚−1 to incorporate
the D and G bands of C-C bonding and the TO and LO
Si-C vibrational modes. The spectrometer was calibrated
using an internal sodium lamp and against a standard sil-
icon reference sample before measurements took place.
Further details of the data analysis procedure and residual
stress conversions are shown in Appendix A.

2.5. Modelling

Push-out experiments produce mode II crack propaga-
tion in the PyC-fibre interface [16, 9]. A cohesive zone
model (CZM) coupled with Coulomb friction has been
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adopted to represent this failure behaviour. The cohesive
zone model consists of a constitutive relation between the
tractions acting on the interface and the corresponding in-
terfacial separation. In the present work, we use a bilinear
law as the constitutive relation [17].

A bilinear law can be divided into an elastic undam-
aged regime, damage-initiation criteria, a damage propa-
gation regime and complete failure criteria. Constitutive
equations in the undamaged regime are:

𝜎𝑛

𝜏𝑠
𝜏𝑡

 =

𝐾𝑛𝑛 𝐾𝑛𝑠 𝐾𝑛𝑡

𝐾𝑛𝑠 𝐾𝑠𝑠 𝐾𝑠𝑡

𝐾𝑛𝑡 𝐾𝑠𝑡 𝐾𝑡𝑡



𝛿𝑛
𝛿𝑠
𝛿𝑡

 , (2.1)

where 𝜎𝑛 is the radial stress, 𝜏𝑠 and 𝜏𝑡 are the shear stress
in the two tangential directions, 𝛿𝑖 is the opening dis-
placement in the normal n or tangential directions t and
s and 𝐾𝑖 𝑗 are the stiffness matrix components which are
𝐾𝑛𝑛 = 2850 GPa/𝜇m, 𝐾𝑡𝑡 = 1150 GPa/𝜇m, 𝐾𝑠𝑠 = 1150
GPa/𝜇m [18] and 𝐾𝑖 𝑗=0 GPa/𝜇m when 𝑖 ≠ 𝑗 (uncoupled
behaviour between shear and tension fracture modes).

Damage initiation is represented via the quadratic on-
set criterion: √︄(

⟨𝜎𝑛⟩
𝜎max
𝐼

)2
+
(
𝜏𝑠

𝜎max
𝐼 𝐼

)2
= 1,

⟨𝜎𝑛⟩ = 𝜎𝑛; 𝜎𝑛 > 0,

⟨𝜎𝑛⟩ = 0; 𝜎𝑛 < 0,

(2.2)

where𝜎𝑚𝑎𝑥
𝐼

and𝜎𝑚𝑎𝑥
𝐼𝐼

are the cohesive interface strengths
for modes I and II (mode III is ignored for this model
because the cylindrical shape makes it impossible since
the fibres do not twist).

Once the cohesive damage has been initiated, the crack
propagation regime begins. The interface resistance is
affected by the damage caused by shear stress defined by
the cohesive model and the friction (if 𝜎𝑛 < 0):

𝜎𝑛 =

{
(1 − 𝐷)𝜎̄𝑛; 𝜎𝑛 > 0,
𝜎̄𝑛; 𝜎𝑛 ≤ 0,

𝜏𝑠 =

{
(1 − 𝐷)𝜏𝑠; 𝜎𝑛 > 0,
(1 − 𝐷)𝜏𝑠 + 𝐷𝜇𝜎̄𝑛; 𝜎𝑛 ≤ 0,

(2.3)

where 𝜎̄𝑛 and 𝜏𝑠 are the normal and shear components
if the cohesive region were undamaged, in other words,
defined by Equation (2.1), 𝜇 is the Coulomb friction co-
efficient. The contribution from the friction model is
weighted by the cohesive damage variable D, which is
0 when the interface is undamaged and 1 when the fail-
ure is complete. The radial stress can be divided into

two components 𝜎𝑛 = 𝜎𝑛𝑣 + 𝜎𝑛𝑜, 𝜎𝑛𝑣 a variable com-
ponent due to Poisson swelling of the fibre during push-
out, and 𝜎𝑛𝑜 a constant component which corresponds to
the sum of all the radial stresses. The radial stresses in
the PyC interface are oriented in the radial direction of
the fibre, its origin can be the rugosity of the interface,
the difference between the thermal coefficient of fibre and
matrix during the fabrication process, mechanical defor-
mations, radiation etc [1]. In this work, a radial stress
of 𝜎𝑛𝑜 = 420 MPa is imposed in the interface radial di-
rection after an optimization process to adjust the friction
after the failure of different fibres. If friction is calculated,
𝜏 𝑓 𝑟𝑖𝑐𝑡𝑖𝑜𝑛 = 𝜇𝜎𝑛 = 𝜇𝜎𝑛𝑣 + 𝜇𝜎𝑛𝑜 = 𝜇𝜎𝑛𝑣 + 𝜏0 recover-
ing the expression used in other push-out models [11, 19].
The complete failure is defined by the linear interaction
criterion:

𝐺 𝐼

𝐺 𝐼𝐶

+ 𝐺 𝐼 𝐼

𝐺 𝐼 𝐼𝐶

= 1, (2.4)

where 𝐺 𝐼 =
∫
𝜎𝑛𝑑𝛿𝑛 and 𝐺 𝐼 𝐼 =

∫
𝜏𝑠𝑑𝛿𝑛 are the tough-

ness values for mode I/II which are material properties
obtained experimentally that represent the energy released
when failure is complete. After complete failure, friction
remains, being governed by Coulomb’s law.

The FEM simulations were done by Abaqus 2021 soft-
ware using C3D8 elements. It was used cohesive contact
combined with tangential penalty friction [20].

3. Results

3.1. Fibre push-out testing

Conventional long-fibre push-out tests were performed
to make a comparison with the micro push-out tests. Load-
displacement curves for all the tests are shown in Figure
2. The curves show elastic loading, followed by small dis-
placement jumps corresponding to crack initiation, prop-
agation, fibre debonding, and a large displacement jump
corresponding to the fibre being pushed out completely.
Debond stress was calculated from the load at push-out
divided by the interfacial surface area of the fibre, finding
a mean debond stress of 59.5 ± 17.5 MPa (standard devia-
tion) with a minimum value of 39 MPa and an upper value
of 116 MPa. This simple assumption leads to an under-
estimation based on shear stress being uniform along the
fibre length, which is not the case based on the modelling
in [16] showing that the stress is localised near the surface
and the crack propagates along the interface.

The fibre radius appears to affect the debonding stress,
whereas smaller diameter fibres have a larger debond stress.
This trend is most obvious for the long fibre push-outs in
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Figure 2: (a) Load displacement curves for all successful long
fibre push-out tests. (b) single load-displacement curve labelled
to show elastic loading, debonding, and frictional sliding.

Figure 3 (a) which are all tested in the same specimen with
a thickness (gauge length) of 180 𝜇m. Micro push-out
data exhibit a greater range of debond stress, two abnor-
mally large diameter fibres (∼14 𝜇m) present lower debond
stress than expected according to the trend of gauge length
shown in Figure 3 (c) having gauge lengths of 4.4 𝜇m and
4.79 𝜇m (fibres F5 and A4). Trendlines for debond stress
are also plotted as a function of the fibre surface area and
gauge length, showing a stronger correlation to the fibre
surface area. This will be discussed later using Weibull
fracture statistics. The micro push-out data points are also
separated by their means of trench milling, whether by P-
FIB or Ga-FIB or a combination. There was no clear trend
of debond stress with the type of FIB used to prepare the
push-out trenches.

3.2. Weibull analysis

The Weibull fracture theory is an established method
to model fracture of ceramic materials based on failure
occurring from the weakest part [21]. The average fracture
strength 𝜏𝑠 for shear debonding of the interface can be
expressed in Equation (3.1) as:

𝜏𝑠 =

∫ 𝑝=1

𝑝=0
𝜏𝑑𝑝 =

∫ ∞

0
𝑒−

∫
𝑆
𝑁 (𝜏 )𝑑𝑆𝑑𝜏, (3.1)

where 𝜏𝑠 is the shear strength of the interface and 𝑝 is
the probability of fracture (both vary across the surface 𝑆
of the interface due to different defects), 𝑁 (𝜏) is a stress
function that depends on shear stress 𝜏 on the interface
caused by fibre push-out. Assuming only shear load on
the interface 𝑁 (𝜏) can be approximated to 𝑁 (𝜏) = 𝑘𝜏𝑚,
𝑚 is known as Weibull modulus and 𝑘 is a constant for

adjustment. The integral can be simplified to:

𝜏𝑠 =

∫ ∞

0
𝑒−

∫
𝑆
𝑘𝜏𝑚𝑑𝑆𝑑𝜏 =

1
(𝑘𝑆)1/𝑚

∫ ∞

0
𝑒−𝑧

𝑚

𝑑𝑧 = 𝐶·𝑆−1/𝑚,

(3.2)
where the following approximations have been used:∫

𝑆

𝑘𝜏𝑚𝑑𝑆 = 𝑘𝜏𝑚𝑆 =

(
(𝑘𝑆)1/𝑚𝜏

)𝑚
= 𝑧𝑚, (3.3)∫ ∞

0
𝑒−𝑧

𝑚

𝑑𝑧 = Γ

(
𝑚 + 1
𝑚

)
. (3.4)

By plotting ln 𝜏𝑠 against ln S for micro push-out tests
and conventional long fibre pushout tests, Figure 4 is
obtained where the gradient is −1/𝑚. For short fibres,
−1/𝑚 = −0.58, giving a Weibull modulus, 𝑚 = 1.71, with
a coefficient of determination for this linear regression, 𝑅2

= 0.78. For long fibres, −1/𝑚 = −2.53, giving a Weibull
modulus, 𝑚 = 0.40, with a coefficient of determination,
𝑅2 = 0.22 signifying a poor fit. This linear analysis is sim-
ilar to the exponential fit shown in Figure 3 (b) for short
fibre tests.

3.3. Microstructural analysis

All push-out tests performed on this material responded
by inside debonding where the fibre detaches from the in-
terphase with the carbon interphase remaining attached
to the matrix, similar to the observations in reference
[12]. The surfaces on the underside of the pushed-out
fibres did not have any carbon attached based on the cross-
section images, showing that the crack had propagated
completely along the inside surface, unlike in the case
of BN interphases where the top of the fibre showed in-
side debonding and switched to outside debonding by the
crack path deflecting through the BN midway along the
trench [14]. This is consistent with the observations of
solely inside debonding in push-out tests on similar nu-
clear grade SiCf/SiC [9]. The slice and view imaging
and 3D reconstruction in Figure 5 confirms that the PyC
layer is continuous, remaining attached to the SiC matrix
around the entire push-out with no observable cracking or
co-extrusion of PyC as the fibre is pushed out.

The circular artefact which looks like an impression
inside the fibre in Figure 5 is a result of uneven platinum
deposition into the push-out impression leading to curtain-
ing. No evidence of plastic deformation was seen on the
surface of any fibres, and this curtaining artefact contin-
ues throughout the milling and appears in all slices - it
is a results of FIB slicing rather than deformation from
the mechanical test itself. Further images explaining the
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Figure 3: Debond stress as a function of (a) fibre radius, (b) fibre interfacial surface area, and (c) gauge length for micro push-outs.
Horizontal lines in (c) indicate the range, standard deviation, and mean from long fibre push-out tests. Arrows in (c) indicate the
tests with large radius fibres which are outliers in (a). Trend line equations and 𝑅2 fitting values are shown in (b) and (c). Data point
labels in (c) refer to the specific test IDs which will be referred to later.

origin of this artefact are shown in Appendix C. SiC is sus-
ceptible to significant redeposition, however, this is easily
segmented and protects the bottom surface of the push-
out during subsequent milling steps, preserving the PyC
from preferential milling. Figure 5 (b) is a horizontal slice
taken halfway through the remaining fibre within the ma-
trix, indicated by arrows in (a). This shows cracks around
the fibre, on the inside surface of the PyC layer, the most
apparent of these are indicated with arrows. Rather than
a continuous crack around the fibre in the reconstructed
2D plane, there appear to be many individual holes which
correspond to the vertical scratched texture in the PyC
highlighted in green in (a) and also shown in Figure 6 (a)
and (d). No evidence of matrix cracking or crack deflection
was observed in this 3D dataset.

The inner surface of the PyC adjacent to the fibres
shows damage caused by the push-out process. Scratches
parallel to the push-out direction are apparent in the PyC

interphase caused by the surface of the fibres abrading the
softer PyC, indicated by the white arrows in Figure 6 (a)
and (d). The appearance of these scratches appears to be
independent of whether the frictional component of the
push-out test has a positive or negative gradient (Figure 6
(b) and (e)).

3.4. FEA modelling of micro push-out experiments

Three different fibre experiments have been fully mod-
elled using finite element methods with variables adjusted
until the simulated load-displacement curves matched the
experimental load-displacement curves as closely as pos-
sible. The geometry has been approximated to a bridge
with one fixed side in y direction, two fixed sizes in x di-
rection and one free side, as depicted in Figure 7(a), given
that three sides of the bridge are connected to the rest of
the sample in the experiments while the other side remains
unconnected after being milled to make a hole and create
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Figure 4: Weibull plot of micro push-out results with natural
log of debond stress against natural log surface area showing
good correlation.

the short fibre (see the experimental scheme on Figure 1).
The load is applied to the top surface of the tip, being
displacement-controlled. The geometry parameters of the
different fibres are shown in Table 8 and the tip geometry
is illustrated in Figure E.26(b).

The debond stress can be determined using the formula
employed for short fibres [9] where F is the debonding
force of the experiments, t is the thickness and R is the
fibre radius:

𝜏 =
𝐹

2𝜋𝑅𝑡
. (3.5)

The shear stress at the fibre-matrix interface in short
fibres is considerably more homogeneous compared to that
in long fibres, where damage initiation occurs gradually
from the top to the bottom of the fibre. In short fibres,
damage initiation occurs almost instantaneously across the
entire contact interface, allowing for the application of
Equation 3.5 (see Appendix H).

For the models, Young’s modulus of the fibre and ma-
trix, 𝐸 𝑓 = 365 GPa and 𝐸𝑀 = 460 GPa, respectively,
have been sourced from [22], and the Poisson’s ratio is
𝜈𝑚 = 𝜈 𝑓 = 0.22 [23].

Thus, the parameters to be optimized are toughness,
the clamping stress attributable to surface roughness, and
the Coulomb modulus. These parameters were adjusted
using the procedure outlined in [16].

Friction Coulomb coefficient was fitted to 𝜇= 0.15 (𝜇 =
0.15-0.3), the clamping stress is 𝜎𝑛𝑜=420 MPa, toughness

to𝐺 𝐼 = 2.5 J/𝑚2 (𝐺 𝐼 = 2.5−8.1 J/𝑚2), 𝐺 𝐼 𝐼 = 10.5 J/𝑚2

(𝐺 𝐼 𝐼 = 10.5−34 J/𝑚2), and the margins are obtained from
[24, 18] except 𝐺 𝐼 𝐼 calculated as 4.2·𝐺 𝐼 [25]).

The toughness values are closer to the micropillar com-
pression [24] where the area of the interface is smaller than
the larger fibre push-out experiment. However, the 𝐺 𝐼 𝐼

value is relatively high compared to similar materials such
as SiC/BN/SiC, Gavalda-Diaz et al.[7] reported toughness
values of 𝐺 𝐼 𝐼 = 1.2 − 3 𝐽/𝑚2. Additionally, the criterion
of𝐺 𝐼 𝐼 = 4.2 ·𝐺 𝐼 is based on fracture propagation in larger
interfaces, where the anisotropy between mode I and mode
II is less pronounced in the short fibres.

Several explanations have been proposed for this high
value: First, Poisson swelling-induced radial stress may
alter the fracture propagation resistance of the material
[25]). Second, the roughness of the interface causes the
fracture path to not follow a straight line, making propa-
gation energetically less efficient [22, 16]. The roughness
is considered when modelling friction see Equation 2.3,
but not for fracture propagation. Third, there are different
types of friction beyond Coulomb friction that may influ-
ence the crack when the sliding velocity is very low when
crack is not completed.

In summary, 𝐺 𝐼 𝐼 could be understood as the energetic
work required for fracture propagation, which is a com-
bination of interface toughness at a given pressure (𝜎𝑛),
the energetic losses due to crack path, and certain friction
terms at very low velocities (quasi-steady). The cohesive
zone model separates the energetic contribution associated
with Coulomb friction, which is predominant during fibre
sliding, allowing for its quantification and distinction from
other energy dissipation effects.

Finally, the mesh is defined based on the cohesive
properties, as it is explained in full detail in Appendix G.

The Von Misses stress profiles of different micro push-
out experiments F6, B2 and B4 are shown in Figures I.30,
I.31 and I.32 of Appendix I respectively; brief explana-
tions of the different effects are exposed below:

Fibre F6: Initially, the radial stress is applied before
load (Figure I.30-1). When the load initiates, there is
no crack and the structure presents an elastic behaviour,
the Von Mises stress profile resembles that of a bridge
undergoing bending with an applied load at the centre, re-
sulting in a notable concentration of stress in the corners
(Figure I.30-2). In particular, the interface exhibits the
highest stress concentration on the bottom face, serving as
the initiation point for crack formation [14]. After crack
formation, there is a relaxation in the matrix deformation
(Figure I.30-3), and the interface presents higher stress in
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Figure 5: (a) Segmented and cropped 3D reconstruction with Pt cap and redeposition removed. A continuous layer of PyC remains
attached to the matrix and is not observed on the pushed-out end of the fibre. (b) Horizontal slice through the pushed-out fibre
reconstruction from the plane indicated by arrows in (a). White arrows guide the eye to cracks between the PyC and fibre, no cracks
are observed between the matrix and PyC. The inset shows the full slice of the fibre in this plane.

the direction parallel to the z-axis. The asymmetric stress
profile in the interface is due to the boundary conditions
shown in Figure 7(a), where one of the bridge faces paral-
lel to the y-axis is completely free while the other is fixed
in the y-direction reproducing the geometry of the exper-
iments. Regarding the fibre, the greatest deformation is
observed in the centre of the fibre (see Figure I.30-4), in-
dicating both bending and swelling. In the final stage, the
fibre is predominantly pushed-out, and the matrix ceases
to undergo bending, resulting in a homogeneous stress
profile across the interface.

Fibre B4: The process is similar to fibre F6 featur-
ing initial radial stress across the interface to represent
the friction caused by rugosity (Figure I.32-1), an elastic
response preceding the crack (Figure I.32-2), crack propa-
gation (Figure I.32-3), and a post-crack frictional response

(Figure I.32-4). The main difference with F6 is the faster
propagation of the crack in the full interface. The low
thickness allows more bending of the fibre, deforming the
full interface instead of localized points in the bottom face,
which propagates the crack to the top of the fibre.

Fibre B2: This fibre model was designed to investigate
a real case of fibres with a positive-taper shape (the top
surface of the fibre is bigger than the bottom one) and with
axial misorientation (the fibre has an angle of inclination
with respect to the indentation direction). The Von Mises
stress profile before crack completion is akin to F6 and B4
push-outs (Figure I.31-1,2). After failure, the most signif-
icant difference lies in the order of magnitude of friction,
while F6 and B4 reduce their frictional stress values while
they are pushed out, B2 increases its frictional stress due
to the positive-taper shape up to values bigger than the
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Figure 6: Post-test images of fibres B3 (a-c), and A2 (d-f) with their corresponding shear stress-displacement curves. (c) and (f) are
FIB cross-sections of the pushed-out fibres, (c) taken from the slice and view imaging and (f) as a single slice.

peak stress before crack formation (see Figure I.31-3,4).
Furthermore, the maximum stress concentration occurs on
one side of the fibre, the reason is that an inclination of
8° creates an asymmetry in the friction. It is concluded
that the axial misorientation and the taper shape are two
important parameters that influence the push-out and they
will be explored in detail in Subsections 3.6 and 3.7.

Finally, the force-displacement adjustments for differ-
ent push-outs are shown in Figure 7 (b), models F6, B4 and
B2 present small differences compared to the experimen-
tal data. The main difference occurs after the peak where
the models fail to predict the small quasi-flat region illus-
trated in the experimental curves. This flat region could
result from higher friction at lower velocities (something
that occurs when the fibre’s interface starts to crack), our
models based on the finite element implicit method do not

consider velocity effects. This effect occurs during the first
0.05-0.1 𝜇m of the indenter’s movement after crack forma-
tion having a reduced impact in the full push-out process
(1.2-1.6 𝜇m of displacement). The following presents a
parametric study of the interfacial properties, followed by
an analysis of the geometry (axial misorientation angle and
taper shape of the fibre).

3.5. Parametric study – interfacial properties

In setting up the finite element models of fibre push-
out, various intrinsic properties of the material can be
adjusted as variables which are broadly unknown, or dif-
ficult to measure. The Fibre F6 push-out test served as
the “original” and the finite element model of this fibre
was adjusted to fit the experimental result as shown previ-
ously. The effect of adjusting each variable in the model
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Figure 7: (a): Scheme of the geometry of push-out simulations. (b): Experimental and simulated load-displacement curves of three
selected fibres.

Parameters F6 B2 B4
L (𝜇m) 22.50 23.00 21.00
t (𝜇m) 3.49 2.32 1.97

d1 (𝜇m) 5.97 10.33 17.01
d2 (𝜇m) 5.97 20.00 17.01

Fib Diam top (𝜇m) 10.56 9.67 10.50
Fib Diam bottom (𝜇m) 10.56 9.60 10.50

Axial angle (°) 0 8 0

Figure 8: Table with the parameters for the geometry of the
fibres F6, B2 and B4.

away from the optimised version is demonstrated here to
assign their relative importance and effect on the load-
displacement properties of a micro push-out test. Figure
9 shows the effect of varying one parameter at a time, and
these effects are summarised in Table 10.

Adjusting the debond stress of the interface of course
increases the debond force, but causes a more rapid crack
propagation while the frictional push-out component is un-
changed. The faster crack propagation is due to the larger
elastic energy release once the crack initiates, leading to
faster propagation. Changes to the Coulomb friction coef-
ficient and the radial stress are interchangeable as they are
directly related to the frictional force. Increasing friction
appears to increase debond stress, and slow crack propaga-
tion, extending the load drop, and of course, increasing the
force for frictional sliding. Increasing Mode II toughness
has no effect on the debond force or friction, but extends
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Figure 9: Effects of varying interfacial parameters.

the crack propagation phase. Changes to Mode I properties
have no discernible effect.

Of these interfacial properties, the most impactful
to engineering properties is the frictional force which is
caused by the Coulomb friction coefficient and the normal
force which depends on the radial residual stress. This
is a combination of surface roughness, chemical friction
effects, and forces arising from residual stresses in the
composite. Surface roughness is difficult to control; it is a
property of the selected fibres, and chemical interactions
on friction are determined by the material combination
e.g. SiC sliding on PyC. Residual stresses are related to
microstructure, manufacturing, and operating conditions
and are expected to vary with operating temperature and
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Original Modified Qualitative Effect

Coulomb coefficient 0.15 0.25

Friction = Coulomb × normal force.
Small increase in debond stress. Less
sharp load drop. Increases friction
throughout push-out.

Radial stress 420 MPa 700 MPa Similar to Coulomb coefficient.
Debond stress
(Mode II) 86.9 MPa 132 MPa Increases debond stress. Friction unchanged

Mode II Toughness 10.5 J/m2 25 J/m2 Reduces load drop, but friction
unchanged. Debond stress unchanged.

Tensile strength
(Mode I) 86.9MPa 160MPa max and 1 MPa min No changes to debond, crack

propagation or friction.

Mode I Toughness 2.5 J/m2 100 J/m2 No changes to debond, crack
propagation or friction.

Figure 10: Values for the parametric study.

radiation dose, and will be discussed later.

3.6. Parametric study – axial misorientation angle

Despite best efforts to align the specimen during prepa-
ration so that fibres are perpendicular to the surface of the
specimen, it is impossible to achieve this in practice due to
misorientation within fibre tows and the weaving angle of
the 2D fabric. All fibres which were selected for undercut-
ting appeared to have circular cross-sections on the surface
which would indicate they are normal to the surface. FIB
cross-sections of four fibres post-test reveal that these fi-
bres are axially misoriented. The angle of misorientation
𝜃 of the cross-sectioned fibres is determined by measuring
the angle of the interphase relative to the normal of the
specimen surface and it is plotted with the debond stress
in Figure 11. No significant effect of apparent misorien-
tation angle on debond stress or sign (positive or negative
slope) of friction component is observed for the range of
angles experimentally measured here. The angle of the
FIB cross-sectioning plane may impact the dimensions
which are measured. All these axial angles and tapers (see
below) are measured from single cross-sections except B3
which is determined from measurements throughout the
3D slice and view dataset.

An alternative approach to estimate the misorientation
angle of a fibre is based on measuring the length of the two
perpendicular radius of the faces with the highest differ-
ence in length. Assuming the fibre initially had a perfect
cylindrical shape (circular faces), misorientation causes
the fibre’s face to become an ellipsoid (Figure B.22). In
this case, the minimum radius represents the original fibre

Figure 11: Effect of fibre misorientation angle on debond stress.
B3 is highlighted in green as having a negative friction gradient
(when the fibre is sliding, the force decreases with the displace-
ment) whereas other tests have a positive gradient.

radius, and the maximum radius can be determined as:

𝑟𝑚𝑎𝑥 =
𝑟𝑚𝑖𝑛

cos(𝜃) ⇒ 𝜃 = arcos
(
𝑟𝑚𝑖𝑛

𝑟𝑚𝑎𝑥

)
. (3.6)

To investigate the effect of misorientation angle fur-
ther, a FE model for a prototypical fibre push-out is eval-
uated with varying misorientation angle up to a highly
exaggerated 20°. The simulations have been conducted on
a geometry as depicted in Figure 12, formed by a square
of 22 𝜇m of side, 7.45 𝜇m gauge length and a fibre of
13.08 𝜇m diameter where all sides of the matrix are fixed.
In this case, the fibre has perfectly parallel sides. The
parameters of the cohesive contact remain consistent with
those outlined in Subsection 3.4, except for the interfacial
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debond strength, which is set to 130 MPa. Inspecting the
von Mises stress distribution of the fibre push-out model
in Figure 12, there is stress localisation on the bottom of
the matrix around the fibre, with a maximum on the acute
angled side of the fibre and a minimum on the opposite
side. This is related to the component of force normal to
the interface applied by the push-out test.

Repeating these simulations across many axial misori-
entation angles with otherwise identical fibre characteris-
tics shows an increase in maximum force for debonding,
and very minor variation in the frictional sliding com-
ponent of the test after complete interfacial debonding
(Figure 13).

An analytical explanation of the increase in maximum
force is provided by the geometry of the experiment, shown
in Appendix B. In an ideal case, the equation for push-out
force 𝐹 in short fibres, where A is the fibre surface area
and 𝜏𝐵 is the debond stress is simply:

𝐹 = 𝜏𝐵 · 𝐴. (3.7)

The misorientation leads to an increase of interface area
caused by a longer effective length of the fibre, t*. The
change in fibre surface area with respect to the angle can
be written as:

𝐴 = 2𝜋𝑟 · 𝑡

cos 𝜃
. (3.8)

The component of force acting to push-out the fibre is
simply 𝐹 · cos 𝜃. Combining these equations, the force
required to debond and push-out a fibre from a matrix is:

𝐹 = 𝜏𝐵 · 2𝜋𝑟 · 𝑡

(cos 𝜃)2 . (3.9)

However, this analytical expression (Equation (3.9)) based
on simple geometry does not provide sufficient correction
in debond force compared to the FEA simulations, sug-
gesting a change in the fibre push-out mechanisms with
increasing angle (see Figure 14). The initial discrepancy
at small angles is related to the assumption that force is
uniform in the fibre for the analytical approximation and
that debonding occurs instantaneously along the interface.
In this geometric adjustment, the interface-normal com-
ponents of force are assumed to cancel out, i.e. the com-
pressive force on one side is balanced by the tensile force
opposite. This assumption is applicable in the frictional
sliding portion of the experiment, as shown by the small
variation in this part of the curves in Figure 13; however,
the initiation of debonding is a fracture mechanics process
where a tensile component is not equivalent to a compres-
sive component.

With increasing misorientation, the force propagation
of the push-out will cause a tensile and a compressive load
on the opposite sides of the fibre (Figure B.22), decreasing
and increasing the friction respectively when the micro-
cracks are formed and altering the crack propagation. A
complete demonstration of this is shown in Appendix B,
showing the different crack propagation from the com-
pressed and the tensile side. Despite these differences in
crack initiation and propagation mechanisms, the varia-
tion in the debond force with the angle of misorientation
is small compared to other experimental effects, and the
change in push-out friction is minimal. Therefore, the
model parameters adjustment shown in Figure 7 can be
valid even if the fibres were slightly misoriented.

3.7. Parametric study – taper

The effect of fibre taper on debond stress and pushout
friction gradient for the same four cross-sectioned fibres
is shown in Figure 15. In this case, the value for taper
is the average angle of the sides of the fibre. This is
calculated from 𝑡𝑎𝑛−1( 𝑟top−𝑟bottom

𝐿
) where 𝑟top is half the

measured width at the top of a fibre and 𝑟bottom is half the
measured width at the bottom of a fibre, and 𝐿 is the gauge
length of the fibre measured from cross-sections made at
approximately the diametric plane of the fibre. Negative
angles are referred to as negative taper, and positive an-
gles are referred to as positive taper. Fibre B3, which
has the most prominent negative taper measured from the
FIB cross-section, is the only test with a negative friction
gradient following debonding, as shown in Figure 6 (b).
In the cross-sectioned plane, fibre A2 has a slightly neg-
ative taper, however, the mechanical response during the
test gives a positive friction gradient shown in Figure 6
(e), while the fibres A1 and B2 which have measurable
positive taper also have positive friction gradients. Based
on experimental results in Figure 15, fibre taper appears to
have no discernible effect on debond stress, i.e. the peak
force in the experiment; fibre B3 with large negative taper
has similar debond stress to the other fibres. The taper
does appear to have a large effect on the gradient of the
shear stress component after debonding; fibre B3 has a
negative gradient showing decreasing shear stress during
pushout whereas the other fibres have a positive gradient
even when displacement is taken into account in the shear
stress calculation.

To investigate the taper effect further, FEA simulations
were implemented in Abaqus using axisymmetric CAX4
elements. In these models, the fibre is 4 𝜇m long with 4 𝜇m
maximum radius at the top of the fibre, while the radius
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Figure 12: FEA simulation of fibre with exaggerated axial angle of 20 degrees. Solid white arrow indicates stress maximum on the
bottom of the matrix on the acute angled interface. Orange dashed arrow indicates a stress minimum on the opposite side of the
matrix.

Figure 13: Effect of misorientation angle on load-displacement
curves between 0 and 20°.

Figure 14: Effect of axial angle on debond force comparing
FEA and analytical approximations.

Figure 15: Effect of fibre taper on debond stress (red circles)
and pushout gradient (green squares). B3 has a negative friction
gradient during push-out. Definitions of negative and positive
taper are indicated by the shapes.

at the bottom varies from 4 to 3.6 𝜇m, corresponding
to a range of fibre taper angles from 0◦ to 9.93◦. The
debond stress was set to a high value 𝜏𝑠 = 300 MPa to
appreciate the load drop compared with the load increase
caused by the taper effect, no radial stress was applied
to clearly differentiate the effect of fibre taper compared
to other causes of friction (roughness, thermal stress or
defects). The remaining cohesive properties are the same
as the fibres modelled during the experimental simulations
(Toughness𝐺 𝐼 = 2.5 J/𝑚2,𝐺 𝐼 𝐼 = 10.5 J/𝑚2 and Coulomb
friction 𝜇 = 0.15). This is a simplified case to isolate the
role of fibre taper - an analysis of taper combined with
friction follows beneath.

Figure 16 shows horizontal (𝜎𝑟𝑟 ) and vertical (𝜎𝑧𝑧)
and von Mises stress profiles in the cross-sectional plane
during early stages of frictional push-out of simulations of
a parallel and positively tapered fibre. Key to note is the
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larger stress at the interface in the tapered fibre case, where
𝜎𝑧𝑧 is nearly homogeneous across the full interface and𝜎𝑟𝑟
varies across fiber length being the fibre compressed on
the top (𝜎𝑟𝑟 has −𝑟 direction) and expanding the matrix
hole in the bottom of the fiber (+𝑟 direction). The much
higher load for tapered fibres causes larger stresses within
the fibre, clearly shown in the von Mises stress profile in
Figure 16 (f).

Force-displacement profiles for the simplified para-
metric study of various fibre tapers show that debond force
is not affected, in agreement with the experimental results,
but the crack propagation and frictional stage are signif-
icantly altered (Figure 17). The compressive interfacial
forces identified for the tapered simulation in Figure 16 are
induced following crack initiation, and oppose the interfa-
cial crack propagation effectively increasing the toughness
and slowing crack propagation, so the load drop is smaller
and over a larger displacement between the initial debond-
ing and the frictional sliding portions of the test. For the
perfectly parallel fibre with 0 taper, the friction component
falls to 0 force and remains at 0 with a very short crack
propagation stage as expected for this simplified case with
no radial force, only the cohesive properties applied to the
interface. With increasing misfit of the fibre in the ma-
trix hole, the force to continue push-out increases and can
exceed the debonding force, as observed experimentally.

The analysis of friction combined with fibre geometry
has been studied using shear lag theory [16, 26], the force
due to friction resistance 𝑃 𝑓 𝑟𝑖𝑐 with respect to push-out
displacement (𝑢) is defined through the expression:

𝑃fric = 𝐶Diff
𝐴top 𝐸fibre

𝑣fibre 𝑅(𝑢)

[
exp

(
2𝜇Λ𝑣fibre (𝑡 − 𝑢)
(𝑅(𝑢)𝐸fibre )

)
− 1

]
,

where Λ =
𝐸fibre 𝐸Matrix

𝐸Matrix (1 − 𝑣fibre ) + 𝐸fibre (1 + 𝑣Matrix )
.

(3.10)

𝐶𝐷𝑖 𝑓 𝑓 is an amplitude term, 𝑅(𝑢) is the radius of the
deformed fibre and 𝐿 𝑓 𝑖𝑏𝑟𝑒 is the length of the fibre.

Equation (3.10) can be modified for fibre taper by
substituting the amplitude term 𝐶𝐷𝑖 𝑓 𝑓 = 𝑘 · 𝑢. Where
𝑘 = (𝑅max − 𝑅min)/𝐿fibre represents the geometry of the
taper for a push-out displacement of 𝑢 (𝑅max and 𝑅min rep-
resent the value of the radius at the top and bottom of the
fibre respectively). The taper effect also modifies 𝑅(𝑢)
as the radius of the deformed fibre, which is replaced by
𝑅(𝑢) = 𝑅𝑚𝑎𝑥 − 𝑘 · 𝑢. The area of the top face of the fibre
is 𝐴𝑡𝑜𝑝 = 𝜋𝑅2

𝑚𝑎𝑥 , 𝐸 𝑓 𝑖𝑏𝑟𝑒 and 𝜈 𝑓 𝑖𝑏𝑟𝑒 are Young’s modulus
and Poisson ratio of the fibre, 𝜇 is the friction Coulomb

coefficient, 𝐸𝑚𝑎𝑡𝑟𝑖𝑥 and 𝜈𝑚𝑎𝑡𝑟𝑖𝑥 are Young’s modulus and
Poisson ratio of the matrix and 𝑡 is the thickness of the
sample/length of the fibre.

𝑃fric =
𝑘 · 𝑢 · 𝐴top 𝐸fibre

(𝑅max − 𝑘 · 𝑢) · 𝑣fibre

[
exp

(
2𝜇Λ𝑣fibre (𝑡 − 𝑢)

((𝑅max − 𝑘 · 𝑢) 𝐸fibre )

)
− 1

]
.

(3.11)
Equation (3.11) does not consider the debond strength or
toughness, just the friction post-cracking. In Figure 18
this theoretical model is compared to the FEM simulation
of fibre push-out including friction components with and
without interfacial bonding for a 3.9 𝜇m bottom radius
and 4 𝜇m top radius positively tapered fibre. During fibre
sliding, there is an initial increase in force due to the taper
effect, then a force peak and drop as the surface area of
the fibre-matrix interface and therefore frictional force is
reducing, There is a good match between Equation (3.11)
and the finite element model beyond push-out, showing
the potential applicability of this equation. Importantly,
the friction component is identical whether there is an in-
terface bond or not – this indicates that the modification to
friction caused by the taper effect is not linked to the inter-
facial debond stress of a fibre and that the debond stress is
still a valid property when experimentally measured from
a tapered fibre.

Fibre taper has no apparent effect on debond stress
but dominates the frictional push-out component of the
test. The variation of the diameter along the fibre axis has
previously been shown to have a significant effect on in-
creasing the friction during the push-outs of longer fibres
(approx. 50-100 um long), which results in higher sliding
force after the crack is completed [16, 26]. However, this
force never exceeds the debond force in long fibres, contra-
dicting some short-fibre experiments where the frictional
force was greater than the debond force, having short fibres
a higher debond stress than long fibres. The explanation is
that in longer fibres there are regions with negative tapered
shapes compensating the friction produced by the positive
tapered regions.

3.8. Raman spectroscopy residual stress measurements

Raman spectroscopy maps were acquired around the
area of test A3 before and after push-out testing. By seg-
menting fibre pixels from matrix pixels using principal
component analysis, and further segmenting the specific
push-out fibre and local matrix, spatially averaged spectra
are acquired shown in Figure 19 (c). Before push-out,
the fibre has a characteristic TO peak at 796 𝑐𝑚−1 which
moves to a higher wavenumber of 799 𝑐𝑚−1 after push-
out. 796 𝑐𝑚−1 is commonly reported as the stress-free
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Figure 16: 𝜎𝑟𝑟 , 𝜎𝑧𝑧 , and von Mises stress distributions for pushed-out fibres during the frictional sliding phase for (a)-(c) parallel-
sided fibre and (d)-(e) positively tapered fibre. Note the ∼10x larger colour scale for the tapered fibre 𝜎𝑟𝑟 and 𝜎𝑧𝑧 components,
while von Mises stress is on the same colour scale. All stresses are in MPa.

Figure 17: Force-displacement curves for a simplified fibre
push-out test with varying extents of positive taper in the absence
of a radial stress. Each line corresponds to increasing fibre
surface angle, each with the bottom radius decreasing by 0.1𝜇m
.

value of 3C-SiC [27]. Shifts to higher wavenumbers indi-
cate relative compressive elastic strains on the Si-C bonds.
Tyranno SA4 fibres contain pockets of free carbon which
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Figure 18: Comparison of modified shear-lag theory with FEM
for a positively tapered fibre. The force-displacement behaviour
of FEM with the interface (the fracture of a cohesive interface
separates the fibre from the matrix previous to friction) matches
with the FEM without an interface (only friction provides resis-
tance to fibre sliding) except for the initial peak that corresponds
to the interface crack.

are distributed within the fibre microstructure. The stress-
free position for the carbon G-band peak is 1580 𝑐𝑚−1 and
is the one used for stress analysis with the conversion factor
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derived by Frank et al. [28]. Averaged across the fibre, the
peak position is at 1594 𝑐𝑚−1 before push-out indicating a
large compressive residual stress in the carbon pockets of
the fibres relative to an un-stressed planar carbon. Follow-
ing push-out this moves to 1598 𝑐𝑚−1 indicating a further
increase in compressive stress on the carbon pockets of the
fibres.

The TO peak of the matrix is at much lower wavenum-
bers compared to the fibre; being at 787 𝑐𝑚−1 before push-
out, and 788 𝑐𝑚−1 after push-out which is more charac-
teristic of 6H-SiC, along with smaller peaks at 799 𝑐𝑚−1

and 767 𝑐𝑚−1 [27]. This may be due to the high density
of stacking faults in low-temperature deposited CVI SiC
which locally causes hexagonal stacking in a cubic grain.
The higher relative scattering intensity of the 6H-SiC TO
peaks compared to 3C-SiC TO peaks could explain this
spectrum being from a combinaiton of 3C and 6H scatter-
ing. With the spectral resolution of the equipment used
here, the 799 𝑐𝑚−1 signal from 6H-SiC should be a dis-
tinct peak rather than a shoulder, further suggesting that it
is a combination of the signal from 3C-SiC and 6H-SiC.
Assuming that the elastic stress on the stacking faults in
CVI SiC is equivalent to the stress on the cubic phase, it
may be simpler to use the more easily identifiable 6H-SiC
peak position as the stress-free reference. Considering the
stress-free TO peak position of 6H-SiC is at 789 𝑐𝑚−1,
this suggests a slightly tensile stress in the SiC matrix
around the fibre prior to push-out. After push-out, the
peak position moves closer to the stress-free peak posi-
tion indicating stress relaxation in the near-surface matrix
around the residual hole left by the fibre push-out test,
while remaining in residual tension relative to a stress-
free 6H reference. The shear stress-displacement curve
in Figure 19 (d) shows a slight upward gradient followed
by a steep upward gradient during the frictional sliding
component of the push-out test. This indicates that the
friction component is increasing which may be caused by
a positively tapered fibre pushing into a narrower hole. The
steeper increase in shear stress at larger displacements may
be caused by an increasingly positive taper of the fibre, or
the bottom of the fibre hitting redeposited material at the
bottom of the trench; during the in-SEM tests, the tip did
not visibly contact the edge of the trench and no damage
was observed around the pushed out fibre which could
be attributed to the indenter tip contacting the matrix and
causing the load increase.

4. Discussion

4.1. Considerations for micro push-out testing

The purpose of developing micromechanical methods,
including this micro push-out technique is to be able to
acquire useful mechanical data using small-scale speci-
mens. In the specific case of nuclear materials, the key
requirement is to extract mechanical data from shallow
ion-irradiated layers which are created while implanting
transmutation elements or when using ions to accelerate
displacement damage. Typically, ion irradiation facilities
operate at up to 5 MV accelerating voltage which, depend-
ing on ion species, charge stage, and experimental design,
can generate damage depths between 0.5 𝜇m - 10 𝜇m in
SiC. Lighter ion species, or multiply charged heavy ions
can penetrate to deeper depths.

For general post-irradiation characterisation, at least 1
- 2 𝜇m ion irradiated is preferred, where larger depths can
more effectively decouple substrate effects from the mea-
sured properties in the thin layer [29, 30]. The results in
this work suggest that a gauge length greater than ∼4.5 𝜇m
is suitable for assessing bulk mechanical properties, which
is within the range of radiation damage depths achievable
with ion irradiation (see Figures 3 (b,c)). At this point, the
fibres essentially become ”long” with a reasonable con-
centration of interface defects. An upper limit of gauge
length (or interface surface area) will occur when there
is non-uniform stress on the interface, there is too much
fibre swelling, and there is stable crack growth leading
to friction effects. While not the purpose of the work,
in the appendix of reference [16] a simulated fibre with
length <15 𝜇m had uniform surface stress while longer
fibres experienced stable crack growth. Further work may
be required to determine this inflection point of push-out
mechanisms, however it appears that this will be at longer
lengths than achievable in ion irradiated layers.

Interfacial failure in micro fibre push-out tests of SiCf/SiC
composites appears to be statistical, based on Weibull dis-
tributions of defects, therefore, interface surface area is the
more specific parameter to be assessing against, as shown
in Figure 3 (b). The trend of debond stress with interfacial
area shows that interfacial areas greater than ∼160 𝜇m2

are representative of long fibre push-out tests. Consider-
ing that apparent fibre diameter can easily be measured
on the surface of the specimen, when preparing trenches
for micro push-out tests a general rule for determining the
required gauge length for a test can be written as:

𝐿 𝑓 >
160
2𝜋𝑟

, (4.1)
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Figure 19: Optical micrographs of push-out A3 (a) before and (b) after testing along with (c) averaged Raman spectra for the
individual fibre before and after push-out (red and blue curves) with the average spectra for the CVI matrix before and after push-out
(green and pink curves). (d) shows the stress-displacement plot for this push-out test.

where 𝐿 𝑓 is gauge length and r is the fibre radius in mi-
crons. This relationship is important as the micro push-out
tests can only be performed on the edge of a sample where
a trench can be milled into the side of the specimen to un-
dercut a fibre, and the position of the trench has to be set by
the user for each specific test rather than by bulk parallel
thinning of a specimen. Being limited to the edge of a
specimen also severely limits the options for testing fibres
compared to a bulk push-out test where there are many suit-
able fibres within a specimen, therefore it is important to
ensure that those tests are successful, also considering the
high cost of FIB micromachining compared to mechanical
thinning.

When debond stress is plotted against gauge length,
and to a lesser extent interfacial surface area (Figure 3
(b) and (c)), it is appears that xenon P-FIB milling could
enable shorter gauge lengths to be tested than trenches
prepared using Ga-FIB or with final polishing using Ga-
FIB. While this was not a specific parameter for analysis
in this study (choice was dependent on instrument avail-
ability), it may be a consideration for future experiments.
As gauge lengths become shorter, surface damage has a
relatively stronger effect, therefore FIB damage may not
be negligible. Xenon ions are heavier than gallium ions
and penetrate to shallower depths at 30 kV accelerating
voltage, causing less damage to the surfaces of the push-

out specimen, whether during FIB imaging on the surface
during sample alignments or during undercut milling and
polishing.

The Weibull modulus, m=1.71 which was calculated
for the debonding stress in micro push-out tests in this
work is rather low compared to literature values for thick
pyrolytic carbon materials reported in the literature to be
between m = 8 and m = 11 [31]. This statistical analysis
suggests that critical flaws leading to failure are not associ-
ated with pyrolytic carbon but with the fibre-PyC interface,
which agrees with the microstructural observations for in-
side debonding of the fibre-matrix interfaces in this work
and the literature [9, 22]. The debonding mechanism is
associated with flaws on the surface of the fibre which is
likely to be a function of surface roughness and interphase
deposition conditions rather than an intrinsic property of
PyC itself.

Although we have defined an approximate size cut-
off for micro push-out testing to be representative of bulk
push-out testing, Weibull statistics could be applied to ex-
trapolate smaller scale testing to larger length scales using
a volume or area adjustment. The probability of failure
Weibull plot 𝑙𝑛𝑙𝑛( 1

1−𝑃 𝑓
) vs 𝑙𝑛(𝜏𝑠) for the short and long

fibre experiments is shown in Figure 20 with straight lines
fitted to the straight portions of the data, ignoring low
strength outliers. The gradient of fitted straight lines in
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Figure 20 gives the Weibull modulus as𝑚 = 1.90 for short
fibres and 𝑚 = 2.54 for long fibres with 𝑅2 = 0.97 and
𝑅2 = 0.93 respectively. For short fibres, this is a close
match to the method in the Weibull analysis section fol-
lowing the derivation in [21] based on a weakest link model
(𝑚 = 1.71 and 𝑅2 = 0.78), the difference is that an average
surface area is used in the probability of failure method.
However, for long fibres there is a significant difference
(𝑚 = 0.40 and 𝑅2 = 0.22) in the Weibull modulus calcu-
lated by each method, indicating that long fibre push-out
testing does not follow a Weibull theory of failure from the
largest defect in a tested volume [32]. The non-Weibull
failure mechanism for long fibres is also apparent based on
the very poor fitting in Figure 4, the reason for long fibre
testing being non-Weibullian will be discussed. Extrapo-
lation of the short fibre fitted line to long fibre surface area
(𝑙𝑛(𝑆) = 8.5) in Figure 4 gives an approximate debond
stress 𝜏𝑠 = 11.7 MPa, significantly lower than the values
measured in long fibre experiments. Micro push-out test-
ing therefore, follows a Weibull distribution for interfacial
debond stress but long fibre push-out testing does not.

As a more general approach, where micro push-out
experiments have been conducted with approximately the
same gauge length and surface area, as might be the case
during post-irradiation examination of an ion-irradiated
specimen, the probability of failure method becomes more
appropriate than comparing 𝜏𝑠 with the surface area. To
extrapolate to long fibres, Equation 4.2 shows the rela-
tionship between a stress 𝜏 and surface area S to relate
specimens with different effective sizes via the Weibull
modulus, m.

𝜏𝑙𝑜𝑛𝑔

𝜏𝑠ℎ𝑜𝑟𝑡
=

(
𝑆𝑠ℎ𝑜𝑟𝑡

𝑆𝑙𝑜𝑛𝑔

) 1
𝑚

(4.2)

As an example, we will use the data collected in this
work to relate small specimen experimental data to large
specimen sizes using this relationship. The short fibre
push-outs are intentionally across a range of gauge lengths
for the parametric study which is not the optimal approach
for a Weibull analysis based on the probability of failure
approach, but will serve the purpose for this demonstration.

Using the characteristic strength of short fibres, i.e.
the debond stress from the 𝑙𝑛𝑙𝑛(1/(1− 𝑃 𝑓 )) = 0 intercept
which corresponds to 𝑃 𝑓 =63.2% gives 𝜏𝑠ℎ𝑜𝑟𝑡 = exp(4.9) =
132 MPa. The average surface areas ignoring low-strength
outliers from Figure 20 for short (115 𝜇𝑚2) and long fibre
tests (5010 𝜇𝑚2) are used to represent the measurement
size in Equation 4.2. The Weibull modulus of short fi-
bres (𝑚 = 1.90) is used in this case to give an estimated

Figure 20: Weibull probability of failure plots 𝑙𝑛𝑙𝑛( 1
1−𝑃 𝑓

) vs
𝑙𝑛(𝜏𝑠) for long and short fibres from this work. Straight lines
are fitted ignoring the low strength outliers in each dataset.

characteristic strength of long fibres calculated from short
fibre data as 𝜏𝑙𝑜𝑛𝑔 = 18.1 MPa employing the size effect
relationship in Equation 4.2 being significantly different
from the values obtained by long fibres push-outs. The
explanation of these differences between long and short
fibres (in the Weibull coefficients 𝑚 and the debond stress
𝜏𝑠 predicted compared to the measured) comes from the
fracture propagation process. In short fibres the stress over
the interface is pretty homogeneous, while in long fibre the
fracture process is gradual, initiating in the top and prop-
agating to the bottom. In reference [16], the stress profile
of a long fibre push-out is modelled, having the bottom
of the interface undamaged while the top is completely
broken. Furthermore, the extra resistance of the undam-
aged interface causes additional Poisson swelling which
increases its effect on fracture propagation. These differ-
ent mechanisms mean that the interfacial shear stresses
(force per interface surface area) from long and short fibre
pushout techniques are not comparable and one cannot be
directly extrapolated from the other. Within the regime
of ”short fibre” testing, different size tests are comparable
using Weibull analysis.

The long fibre push-out tests in this work are compa-
rable to literature data on fibre push-out testing of nuclear
grade SiCf/SiC composites with PyC interphases and mod-
ern fibres. The interfacial debond stress (obtained from
Equation (3.5)) was 59.5 ± 17.5 MPa, close to the 69.4
± 14.4 MPa measured by Hussey et al. using Tyranno
SA3 fibres with PyC interphase and CVI SiC matrix, a
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very similar material to our work [9]. Buet et al. stud-
ied a variety of composites and compared fibre-matrix
interfacial mechanical properties of samples made using
Hi-Nicalon Type-S and Tyranno SA3 fibres with differ-
ent PyC interphase textures and thicknesses in a CVI SiC
matrix [11][10][12]. They identified lower shear strength
in push-out tests on composites made with HN-S fibres
compared to SA3 fibres and also an effect of pyrocarbon
texture and thickness. Our values are within the range
of measurements reported in the publications by Buet et
al., while also indicating that variation in manufacturing
processes and microstructure impacts mechanical proper-
ties making precise comparison between different material
suppliers challenging, even if nominally the same material
has been manufactured.

Herbretau et al. suggest an approach using a modified
equation for debond strength based on accounting for crack
initiation at the top surface of the sample and propagation
along the interface, rather than simply averaging the force
across the entire surface area [13]. Using this method,
they calculated 160-220 MPa as the critical debond stress
from a Nicalon fibre composite with PyC interphase and
CVI SiC matrix with additional boron carbide and silicon
carbide layers to make a composite different to our work
[13]. Their value includes the effect of friction and geom-
etry due to swelling during the interface failure. Without
their analytical adjustment, the debond strength in their
three tests based on simple surface area calculation and
their reported dimensions is 115-159 MPa, i.e. the adjust-
ment increases shear strength by approximately 39% for
their experiments. Mueller et al. also provide a different
analytical adjustment to account for the stable and unstable
interfacial crack propagation length in another variant of
SiC/PyC/SiC composite [33]. While these values are in
the same order of magnitude as ours and other published
values from Buet et al. and Hussey et al. the different
material grades means the measured mechanical proper-
ties will be different. Earlier work on older types of SiC
fibres by Yang and Hinoki showed higher debond strength
∼300MPa for ∼100nm PyC coatings, although their exper-
iments used sharp indenters rather than flat punch indenter
tips [34][35].

Micro fibre push-out testing appears to be an appro-
priate method to directly measure interfacial debond stress
without analytical adjustments as debonding is instanta-
neous across the entire interface with a known and well-
defined gauge length. As this property is a vital input
for multi-scale performance models of composites, we
consider that it should be measured directly rather than

indirectly [36]. This can be achieved using micro fibre
push-out testing but not using long fibre push-out testing.
Weibull analysis can be used to account for different in-
terfacial surface areas in different gauge length tests, for
example, when different ion irradiation conditions are used
with different damage range, as long as the fibre remains
”short”.

An alternative approach to characterize the fibre-matrix
interface is the micropillar sliding method. Shih, Kabel,
and Karakoc et al. have all measured debond stresses
in SiCf/SiC composites with PyC interphase using this
method for various composites with Hi-Nicalon Type-
S (HNS) or Tyranno SA3 fibres and CVI SiC matrices
[37, 38, 39]. Depending on the grade, debond stresses
were calculated between 36 MPa and 266 MPa. HNS fi-
bres have a smoother surface than SA3 (and SA4) fibres;
for SA3 fibres similar to those used in this work, debond
stresses of 95 MPa, 152 MPa, and 145 MPa were deter-
mined for varying grades [38, 39]. The micropillar method
significantly alters the mechanical testing situation as the
test is not axially symmetric, and it removes any residual
stress effects, or effects of fibre shape such as the taper ef-
fect which has been shown to be important. The dominant
correlation of interfacial strength with a micromechanical
testing size effect has been found with interfacial surface
area, where an area greater than 160 𝜇m2 has been ap-
proximated as representative of a long fibre push-out test.
These micropillar sliding tests are conducted with a sig-
nificantly smaller interfacial surface area of only a few
microns square, vastly reducing the likelihood of statisti-
cal defects and resulting in a higher debond stress which
is more akin to the micro fibre push-out tests in this work.
The benefit of this method is that fibre geometry such as ta-
per is removed allowing easier evaluation of the interfacial
sliding friction coefficient.

4.2. Fibre push-out mechanisms, microstructural effects,
and implications

Elucidated by the finite element modelling and exper-
imental characterisation, the micro fibre push-out mecha-
nism consists of four steps:

1. Elastic loading of the fibre.
2. Crack initiation on the bottom face of the fibre at

peak stress (see Appendix F).
3. Crack propagation along the interface.
4. Frictional sliding as the fibre is pushed out.

Various parameters affect the characteristics of each of
these steps in the push-out mechanism. Experimentally,
step 1 is preceded by a small bedding in a period as the flat
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punch tip contacts the surface and any surface impurities or
irregularities are compressed. SEM images of the indenter
tip used in these experiments show debris adhered to the
surface, shown in Figure E.26(a) of the supplementary
material, and that the tip istelf is not perfectly flat.

FEM simulations predict that fracture initiates from the
bottom of the fibre in the micro push-out tests (See Figure
F.27). This is caused by the bottom face of the “bridge”
being put into tension by slight bending, also reducing
the friction in that area. Although this happens, changes
to Mode I properties do not affect the load displacement
data, two explanations are possible to justify this: The first
one is that the failure is almost instantaneous, indicating
that regardless of the crack initiation being on the top or
bottom surface, the test is Mode II shear debonding. This is
in agreement with De Meyere et al. who performed trench
fibre push-outs on the edge of a SiC 𝑓 /BN/SiC composite to
observe the deformation behaviour during push-out tests
[14]. The second one is the reduced friction in the bottom
faces which causes a reduced Mode II resistance compared
with the rest of the interface.

A key consideration for fibre push-out testing is that it
presents more friction than the fibre pull-out mechanism
that occurs during the macroscopic failure of a composite.
The reason is the Poisson expansion of fibres during the
push-out compression causes an increased normal force
and higher friction that increases the interface toughness.
The debonding initiation on the bottom of the “bridge”
in micro push-out tests may be more representative of the
actual fibre pull-out behaviour in a macroscopic since the
friction is reduced due to ”bridge” bending compared to a
long fibre push-out test.

Steps 2, 3, and 4 could not be differentiated in the
long fibre push-out tests as the G200 instrument is load
controlled and there is a displacement jump once the fibre
is detached. The in-situ tests conducted in displacement
control show a load drop with a second lower peak imme-
diately after initial debonding and frictional sliding. This
characteristic double peak could not be replicated in the
FEM simulations. The second load peak could be caused
by a larger asperity on the fibre surface roughness imping-
ing on an asperity on the matrix surface, similar to what
can be seen in the cross-sections in Figure 6 (c) and (f).
This would need a continued force to overcome after some
further displacement has occurred after initial debonding.
Another explanation may be the spalling of interphase PyC
causing a local barrier to be overcome. This may explain
the scratches on the interphase which is seen for all tests
regardless of the gradient of the frictional component in

step 4. In short fibre tests, crack initiation and propagation
appear to be almost instantaneous, i.e. the whole interface
debonds at once.

Step 4 frictional sliding requires a clamping stress de-
termined by the Coulomb friction coefficient and a surface
normal force. This is simple to evaluate if a perfectly par-
allel fibre is assumed, however, in these short fibre tests,
even small tapers in the fibre dominate frictional sliding
forces to the extent that the gradient is positive even as
the contact length is reduced during push-out. This makes
evaluating a friction force experimentally challenging us-
ing this method, at least on the SA4 fibre reinforced com-
posite in this work.

Raman spectroscopy has been used to measure residual
stress in the matrix and fibre of a micro push-out test. Be-
fore the test, SiC in the fibre is approximately stress-free
based on the position of the TO peak. The large com-
pressive stress observed from the D and G band signals
for carbon pockets in the SiC fibre is likely from manu-
facturing processes as the carbon pockets are completely
surrounded by SiC grains within the fibre. Characterising
the structure and properties of these carbon pockets is be-
yond the scope of this paper. SiC in the matrix around the
fibre is in tension as determined by the TO peak being 2
𝑐𝑚−1 lower than the stress-free position of 6H-SiC if we
base the dominant signal as arising from stacking faults
in 3C-SiC rather than considering the weak 3C-SiC TO
Raman signal. Assuming a plane stress state based on
the shallow 1 µm penetration depth of the Raman probe
laser, the tensile stress is 850 MPa in the CVI SiC matrix
[40, 41]. Following push-out, the SiC TO peak of the fibre
is at 799 𝑐𝑚−1, 3 𝑐𝑚−1 higher wavenumber than the fibre
before push-out testing and the literature stress-free peak
position of 3C-SiC. This indicates a compressive resid-
ual stress of -1.27 GPa after push-out testing based on a
plane stress approximation for the laser interaction vol-
ume being at the free surface. This is consistent with the
hypothesis of a positively tapered fibre pushing into the
hole and being compressed as it is pushed deeper, which
agrees with the positive gradient of the frictional compo-
nent of the mechanical test data. A similar process can be
followed for the carbon pockets in the fibres where the G
band peak is at 1594 𝑐𝑚−1 before pushout and 1598 𝑐𝑚−1

after pushout. Taking 1594 𝑐𝑚−1 as the reference peak
position for this structure of carbon, Δ0, gives Δ𝜔 = +4
𝑐𝑚−1. Carbon pockets will be in a hydrostatic stress state
as they are small relative to the Raman probe volume and
are completely surrounded by SiC rather than having a free
surface. Based on the stress conversion method from [28]
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a change in compressive stress of -1.28 GPa is calculated
for carbon pockets in the SiC fibre after push-out testing,
relative to their initial stress state. This is almost identical
to the change in compressive stress on the SiC grains in the
fibre calculated by Raman spectroscopy. After push-out,
the matrix SiC peak position is at 788 𝑐𝑚−1, i.e. 1 𝑐𝑚−1

higher than the pre-push-out case, but still in residual elas-
tic tension by 1 𝑐𝑚−1 relative to the literature value for
stress-free 6H-SiC. Since Raman measurements are made
at the surface, the region of matrix SiC which is being
measured is no longer constrained by the misfitting fibre at
the centre, thus the as-manufactured residual tensile stress
is partially relaxed in the matrix by the push-out test. This
situation is similar to the case of a larger misfitting fibre
in a hole, and could be introduced during CVD process-
ing where the coating is deposited at high temperature
over the fibre preform, then cooled to room temperature
resulting in contraction and the measured tensile residual
elastic stress. The coefficient of thermal expansion for SiC
fibres is lower than for dense CVD SiC due to its lower
density caused by residual carbon pockets, which results
in the situation described above. The compliant PyC in-
terphase is too thin to be directly measured, but could act
as a buffer reducing the corresponding compressive stress
on the fibre. This measurement confirms that there is a
residual clamping stress on the fibre controlling the fric-
tional sliding portion of these tests and the fibre pull-out
toughening mechanisms. While absolute quantification of
the stress state is challenging, approximations have been
made here. Residual stress or clamping stress is a key en-
gineering parameter which could potentially be optimised
by manufacturing and microstructural design.

The shear lag theory [16, 26] traditionally models the
friction at composite interfaces due to surface roughness,
and has been extended to predict fibre taper shape re-
sponse. Understanding the wear caused by this roughness
is crucial for composites subjected to mechanical fatigue
[42] or thermomechanical fatigue loading [43], as found
in applications like fusion blankets.

Significant research has contributed to the modelling
of wear for multifibre composites. For instance, Longbiao
[44] developed a wear model integrated with a statisti-
cal framework assuming a Weibull distribution of fibre
strength. This approach was effectively applied to experi-
ments involving SiC/SiC and SiC/C composites [45].

Rouby et al. [43] provide insights into the single-fibre
interface by simplifying shear lag theory [26] using a first-
order Taylor expansion of Equation 3.10. This formulation
models friction wear in fibre push-out and push-back ex-

periments [46]:

𝑃fric =
𝐶Diff
𝑅(𝑢) 2𝜋𝑅(𝑢)𝜇Λ(𝑡 − 𝑢) (4.3)

Where the radius is assumed nearly constant, 𝑅(𝑢) ≈
𝑅. 𝐶Diff encompasses geometric effects contributing to
friction, influenced by roughness and thermal/mechani-
cal swelling (these effects were negligible compared to
positive taper shape in Equation 3.10, thus omitted in Sub-
section 3.7).

Examining the force-displacement characteristics after
crack completion (see Figure 7(b)), most fibres exhibit
quasi-linear force response with displacement, suggesting
that 𝐶Diff ≈ constant with minimal roughness wear.

The limited wear effect may be attributed to the rela-
tively small tip displacement during the short-fiber push-
out process (1-2 (𝜇m)), in contrast with the roughness
wavelength, which is approximately 0.5 (𝜇m) as estimated
from Figure 6(c, f). This wavelength represents the av-
erage distance between irregularity peaks, calculated us-
ing the Fourier transformation of the roughness profile
[26]. However, we do not observe a significant difference
in the proportionality between wavelength and displace-
ment when compared to the experiments by Rouby et al.
[43, 46], which reported a roughness wavelength of 5-10
(𝜇m) and a tip displacement of 50-100 (𝜇m).

Rouby et al. aimed to minimise fibre gauge length
to mitigate the effects of fibre swelling during push-out,
using fibres with a diameter of 0.1 mm and a gauge length
of 0.6-3 mm [46]. While this approach is not as optimal
as in short-fiber push-out (where fibers have diameters
of 8-10 (𝜇m) and gauge lengths of 1-10 (𝜇m)), in which
fracture occurs nearly instantaneously at the interface, we
believe that the influence of swelling should not result in
significant discrepancies.

The primary significant difference between the two
push-out experiments lies in the dimensions of the sliding
area at the interface. In the experiments conducted by
Rouby et al., the sliding area dimensions were on the order
of ( mm2), while the roughness wavelength and amplitude
were on the order of (𝜇m). Conversely, in the case of
short fibres, both roughness and sliding area dimensions
are on the order of (𝜇m). The smaller sliding area results
in lower statistical representation of the roughness profile,
potentially neglecting significant irregularities associated
with the taper effect in short fibres, which may be more
susceptible to wear.

In conclusion, investigating the wear of roughness in
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short fibres presents significant challenges due to the small
size of the sliding area in relation to the roughness fea-
tures. Additionally, experiments such as push-back tests,
designed to assess friction fatigue or investigate effects like
seating drop or velocity dependence, are further compli-
cated by these size constraints. Conversely, while push-out
experiments with long fibres are feasible, the greater length
relative to the fibre area results in excessive swelling, which
complicates comparisons with the findings from Rouby et
al. Thus, a more intricate experimental setup is required
for a comprehensive analysis of roughness wear in micro-
sized fibres. The short fibres serve to isolate fracture prop-
erties which should be subsequently used in an analysis of
longer fibres.

During irradiation, SiC composites undergo many changes
which will impact their mechanical performance [1]. Sig-
nificant degradation of the interphase at high doses is
likely to change the debond stress and crack propagation
[4, 5]. Dimensional changes in the fibre relative to the
matrix will affect the residual stresses, the normal force
on the fibre surface, and the frictional component of fi-
bre pull-out mechanisms and push-out testing. At high
doses, SiC fibres have been observed to shrink and densify
while SiC matrices swell and expand causing a geomet-
ric mismatch across the interface [47]. The combination
of fibre shrinkage and matrix swelling will relieve radial
residual stress, reducing the surface normal force and the
frictional component of SiC fibre composite mechanics.
The swelling of high purity SiC by displacement damage
has been extensively characterised and is well understood
in fission reactor conditions, but is likely to be different
due to higher transmutation rates in fusion reactor condi-
tions [30, 48, 49]. Metallic transmutation products may
form silicide or carbide precipitates [50, 51] and gaseous
helium or hydrogen can form bubbles within a compos-
ite microstructure [52, 30, 53, 54]. The combined ef-
fects of displacement and transmutation damage in a fu-
sion environment will likely be different to displacement
damage and low transmutation rates in a fission neutron
spectrum. Accelerated transmutation and displacement
damage can only be studied by ion implantation, which
requires advanced methods to characterise these thin lay-
ers. Accelerated testing enables us to understand these
changes at a microstructural length scale, enabling us to
predict the performance degradation of composites as a
function of fusion reactor operating conditions, and allow
us to design optimal microstructures and material grades
to survive in these conditions. Measuring changes to in-
terfacial debonding stress and frictional components after
fusion-relevant ion irradiation is essential to understand

the performance of SiCf/SiC composites. Displacement-
controlled micro push-out testing is potentially the most
representative method of measuring these properties, and
will be used to evaluate ion irradiated SiCf/SiC composites
in future work.

5. Conclusions

The technique of micro push-out testing has been
demonstrated on nuclear grade SiCf/SiC composites with
gauge lengths within the obtainable range of ion implan-
tation experiments. This technique provides new benefits
over other micromechanical methods, such as micropil-
lar sliding, as it retains most of the geometric constraints
of fibres in a composite component. Additionally, com-
pared to long fibre push-out experiments, it is easier to
isolate properties such as debond stress from friction, and
it is easier to model with faster and simpler simulations.
Drawbacks include the relatively higher cost of FIB sam-
ple preparation, being constrained to testing fibres close
to the edge of a specimen, defining a ”long” or a ”short”
fibre, and higher sensitivity to local fibre geometry, which
is averaged out in long fibre push-out experiments.

Various parameters have been studied using experi-
ments and finite element modelling to ascertain their rela-
tive importance and impact on push-out mechanisms and
material properties. Debond stress is minimally affected
by residual stress, geometric taper in the fibre, or changes in
interface properties such as toughness, roughness, or fric-
tion coefficient. Axial misorientation of the fibre has no
detectable effect within the scatter of experimental mea-
surements; force-displacement response is insensitive to
misalignment, whether by sample preparation or fibre ori-
entation differences within a unidirectional tow or woven
fabric. However, axial misorientation has a detectable
effect on debond stress in simulations for exaggerated an-
gles beyond those obtained in experiments (>10°), being
greater than the simple analytical adjustment for a tilted
geometry. This suggests there is a change in the crack for-
mation mechanism at large misorientation angles, which is
not represented by Equation 3.9. Debond stress is therefore
a robust value which can be extracted from micro push-
out experiments and can be used for quantifying changes
in fibre-interphase-matrix properties following shallow ion
implantation damage, and which cannot be evaluated using
long fibre push-out testing. Changes to other properties
such as friction due to changes in fibre surface normal
stresses can be measured by displacement controlled mi-
cro push-out testing.
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The crack propagation and friction component of these
experiments is affected noticeably by residual stress, in-
terfacial friction (Coulomb) coefficient, and toughness as
a property of the interphase. These determine the bulk
toughness of the composite component at the crack de-
flection and fibre pull-out stage of mechanical failure.
Different manufacturing methods, interphase deposition
techniques or chemistries could be developed to benefi-
cially tailor these properties which can be evaluated using
various methods and tested before and after irradiation
using the micro push-out technique.

Localised fibre taper has been found to be the dominant
factor during the frictional component of micro push-out
tests. In long fibre tests, local fibre tapers are averaged
out along the length of the fibre; however, at these short
gauge lengths, positive and negative tapers do not cancel
out. This makes measuring a friction coefficient from
these experiments challenging – a micropillar sliding test
without geometric constraint is valuable here.

This micromechanical method allows prediction of the
load-bearing ability of SiC composites beyond the propor-
tional limit stress after irradiation, i.e. the strength of
the fibre-matrix interface during crack bridging and be-
fore fibre pull-out mechanisms take effect. The method
allows key fibre-matrix mechanical data to be measured
and utilised as part of an experimentally informed multi-
scale mechanical performance model which can also be
verified by micromechanical testing.
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Appendix A. Raman spectroscopy analysis procedure

The Raman spectroscopy analysis workflow consisted of:
1. Cosmic ray removal, spectral smoothing, and background subtraction using a rolling shape function.
2. Principal component analysis to segment fibres and matrix.
3. Curve fitting using a combination of Gauss and Lorentz functions for the Si-C and C-C peaks.

Movements to lower relative Raman shifts indicate tensile stress, while higher relative Raman shifts indicate compressive
stress for SiC and carbon peak positions [41, 28]. The carbon G band is most commonly used for residual stress
calculations in carbon materials and a universal conversion factor for change in Raman shift has been proposed by Frank
et al. where 𝜎 =

𝜔0
5 · Δ𝜔 with stress in MPa, where 𝜔0 is the stress-free peak position which is assumed to be 1580

𝑐𝑚−1 however this is dependent on the exact phase of the graphite [28]. For SiC, stress conversion factors have been
calculated by DiGregorio and Furtak with 𝜎 = Δ𝜔 · −283 where stress is in MPa [41]. These equations are assumed to
be valid for hydrostatic stress states and can be adjusted for plane stress state by multiplying by 3/2 if the microstructure
producing the signal is near the surface.

Figure A.21: Example of peak fitting functions for a SiC fibre spectrum.
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Appendix B. Axial misorientation geometry
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Figure B.22: Schematic of axial misorientation geometry.

Figure B.23 shows the complete debonding of a fibre misoriented by 20° through the cohesive damage 𝐷. This
magnitude is 0 when the area is unaffected by damage and 1 when it is completely debonded (see Equation (2.3)).
While the damage initiates in the compressed side (Figure B.23 3) and 4), indicated by the red arrow), the friction slows
down the sliding (mode II crack) compared with the tensile side (Figure B.23 5)). The crack initiated at the tensile side
propagates to the compressed side (Figure B.23 6) and 7)), but the friction slows down the process compared to a 0°
short-fibre.

1) 2) 3)

4) 5) 6)

7) 8) 9)

Figure B.23: Failure process of a fibre with an axial misorientation of 20°. The variable showed is the cohesive damage 𝐷 defined
in Equation (2.3). The red arrow indicates the point where the crack has been initiated.
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Appendix C. FIB slice and view

The FIB milling artefact shown in Figure 5 is due to uneven platinum deposition and results in an approximately
cylindrical milling artefact once the images are reconstructed. Once the Pt cap is segmented, this could look like an
impression or some damage to the fibre from the indenter tip. However, Figure C.24 shows unsegmented images and the
uneven deposition of platinum into the push-out impression and how this leads to the curtaining artefact during milling.
Attempts to remove this using image processing during reconstruction e.g. ring removal algorithms, caused degradation
of the image quality and contrast from the PyC layer which is also a ring in this dataset.

Figure C.24: Unsegmented SEM images of the slice and view procedure. (a) SEM image of the chunk before slicing and viewing.
The yellow arrow indicates the direction of the undercut trench with the edge of the specimen on the left. (b) SEM image suring
slice and view, not reconstructed. (c) Reconstructed horizontal slice within the Pt cap showing the uneven deposition. The yellow
arrow shows where Pt has filled a gap or scratch in the PyC.
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Appendix D. Fibre surface images

The surface of Tyranno SA4 fibres is rough with no features or texture parallel to the fibre length which could
correspond to the scratches observed in PyC after push-out tests. The image below shows a fracture surface with exposed
fibres revealing this roughness and no grooves or texture which could correspond to the impressions seen in the PyC. An
impression from a dropped-out fibre also shows a random rough surface without texture.

Figure D.25: (a) Fracture surface showing pulled out fibres with the randomly oriented rough surface. (b) Residual impression from
where a fibre has partially dropped out during sample preparation, also showing a randomly oriented rough surface.
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Appendix E. Experimental indenter tip effects

Figure E.26(a) shows an SEM image of the flat punch tip used for push-out testing. The nominally 5 µm diameter
flat tip has a rounded square shape in reality and appears to be slightly concave rather than flat. Surface contamination or
debris can be seen on the tip. Considering the extremely low loads for the testing here, the tip shape is unlikely to have
a significant effect, and no evidence of plastic deformation or indentation was observed in the surfaces of pushed-out
fibres. Parametric FEA studies of the effect of misorientation of the tip face (Figure E.26(b)) relative to the fibre surface
found a minimal effect for these low loads.

(a) (b)

5.17𝜇𝑚

Figure E.26: (a) SEM image of flat punch tip used for in-situ pushout testing. (b) Flat tip reproduction in the FEA model.

Appendix F. Failure process of a short fibre

1) 2)

3) 4)

5) 6)

Figure F.27: Failure process of a short fibre. The variable 𝐷 is the cohesive damage defined in Equation (2.3). The crack propagates
from the bottom to the top face as it was observed experimentally in [14].
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Appendix G. Mesh of the fibre-push out model.

In Figure G.28(a), the mesh seed applied to the fibre F6 is shown. Figure G.28(b) illustrates the matrix, Figure
G.28(c) shows the fiber, and Figure G.28(d) depicts the indenter. A minimum mesh seed size of 0.2 𝜇m is used in the
region connecting the matrix and the fiber, where the interface consists of cohesive elements also measuring 0.2 𝜇m.
According to Turon et al. [55], the mesh size must be sufficiently small to ensure that the cohesive length, 𝑙𝑐𝑧 , is captured
by 3-5 elements. The cohesive length is the characteristic distance ahead of a crack tip over which fracture processes
occur in a material. This zone represents the area where cohesive forces act to resist the separation of crack surfaces. In
[55], several definitions from the literature describe the cohesive length in the following form:

𝑙𝑐𝑧 = 𝑀𝐸
∗ 𝐺𝑐

(𝜎max)2 where
1
𝐸∗

=
1
2

(
1

𝐸𝑃𝑦𝐶

+ 1
𝐸𝐹𝑖𝑏𝑟𝑒

)
(G.1)

Where 𝐺𝑐 = 10.5 J/𝑚2 is the mode II toughness of the interface, 𝜎max = 86.9, 116and158 MPa are the debond
stresses for F6, B4 and B2 fibres respectively, 𝐸∗= 37 GPa is an estimation of the elastic modulus of the interface [56]
defined by the elastic modulus of the PyC interface 20 GPa and the fibre 365 GPa [16] and M depends on the literature
but generally is a value from 0.21 to 1 (it was used the smallest value to be conservatives). The minimum value would
be 𝑙𝑐𝑧 = 11.07, 6.06 and 3.2 𝜇m which results in a seed= 2.21, 1.21 and 0.65 𝜇m for F6, B4 and B2 fibres respectively.
These seeds are bigger than the interface seed; however, we decide to be conservative because the crack at the bottom of
the fibre is a mix of mode II and I (𝐺𝑐 = 2.5 J/𝑚2 for mode I), requiring a smaller seed of 0.2 𝜇m. The seeds create
simulations of 235862, 325915 and 212003 elements for F6, B4 and B2 fibres, respectively.

(c) (d)

(a) (b)

Figure G.28: Mesh of the different components of fibre push-out simulation F6.
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Appendix H. Shear stress over the interface of Fibre F6

In short fibres, the distribution of shear stress exhibits a more uniform behaviour compared to that in long fibres.
Utilising the software Abaqus, it is possible to visualise shear stress along the interface of fibre F6 as an example
(represented by cohesive contact). The provided image represents the condition at the onset of damage, which occurs
very close to the point of damage completion due to the rapid progression of this process.

The variation in colour observed within the stress profile arises from the positioning of the x=0 plane in the middle
of the fibre, this causes the change of direction of X-coordinate and therefore it changes the sign of shear stress.

Shear stress (Gpa)

Figure H.29: Shear stress over the interface of fibre F6.

As illustrated, the shear stress distribution exhibits a high degree of uniformity, with more than 75% of the contact
area reaching values close to the debond stress threshold of 87 MPa prior to crack initiation. It is important to note that
the distribution is not perfectly homogeneous, primarily due to the geometric configuration of the fibre’s experimental
bridge shape. This introduces minor inhomogeneities in the stress field; however, these variations are negligible when
compared to the stress profiles typically observed in long fibre specimens [16].
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Appendix I. Von Mises stress distributions of adjusted push-out models
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Figure I.30: Von Mises Stress profile of F6 from up and down perspectives for the different stages of indentation.
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Figure I.31: Von Mises Stress profile of B2 from up and down perspectives for the different stages of indentation.
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Figure I.32: Von Mises Stress profile of B4 from up and down perspectives for the different stages of indentation.
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